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Abstract
The aim of this work is to create a process which allows the tailored growth of Ge
nanocrystals for use in photovoltic applications. The multilayer systems used here provide
a reliable method to control the Ge nanocrystal size after phase separation.
In this thesis, the deposition of GeOx/SiO2 and Ge:SiOx∼2/SiO2 multilayers via reactive
dc magnetron sputtering and the self-ordered Ge nanocrystal formation within the GeOx
and Ge:SiOx∼2 sublayers during subsequent annealing is investigated.
Mostly the focus of this work is on the determination of the proper deposition conditions
for tuning the composition of the systems investigated. For the GeOx/SiO2 multilayers this
involves changing the GeOx composition between elemental Ge (x = 0) and GeO2 (x = 2),
whereas for the Ge:SiOx∼2/SiO2 multilayers this involves changing the stoichiometry of
the Ge:SiOx∼2 sublayers in the vicinity of stochiometric silica (x = 2). The deposition
conditions are controlled by the variation of the deposition rate, the deposition temperature
and the oxygen partial pressure.
A convenient process window has been found which allows the sequential deposition
of GeOx/SiO2 or Ge:SiOx∼2/SiO2 without changing the oxygen partial pressure during
deposition. For stoichiometry determination Rutherford back-scattering spectrometry has
been applied extensively.
The phase separation in the spatially confined GeOx and Ge:SiOx∼2 sublayers was in-
vestigated by X-ray absorption spectroscopy at the Ge K-edge. The Ge sub-oxides content
of the as-deposited multilayers diminishes with increasing annealing temperature, showing
complete phase separation at approximately 450◦C for both systems (using inert N2 at
ambient pressure). With the use of chemical reducing H2 in the annealing atmosphere, the
temperature regime where the GeOx phase separation occurs is lowered by approximately
100◦C. At temperatures above 400◦C the sublayer composition, and thus the density of
the Ge nanocrystals, can be altered by making use of the reduction of GeO2 by H2.
The Ge nanocrystal formation after subsequent annealing was investigated with X-ray
scattering, Raman spectroscopy and electron microscopy. By these methods the existence
of 2 - 5 nm Ge nanocrystals at annealing temperatures of 550 (GeOx) - 700
◦C (Ge:SiOx∼2)
has been confirmed which is within the multilayer stability range.
The technique used allows the production of extended multilayer stacks (50 periods
∼ 300 nm) with very smooth interfaces (roughness ∼ 0.5 nm). Thus it was possible to
produce Ge nanocrystal layers with ultra-thin SiO2 separation layers (thickness ∼ 1 nm)
which offers interesting possibilities for charge transport via direct tunneling.
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1 Introduction and motivation
During the last decade, semiconductor nanocrystals (NCs), usually comprised of only a
few hundred of atoms, have attracted continuously interest [5]. This is caused by their
outstanding properties (e.g. luminescence, charge storage), which are related to quantum
confinement effects or effects arising from the large surface/volume ratio. Numerous studies
have been performed to synthesize a high density (> 1012 cm−2) of Si or Ge NCs (< 5 nm
size) in dielectric films preferably for light-emitting devices [6] or non-volatile memories [7].
Recent research showed that Ge quantum dots have ideal preconditions for the application
in high-efficiency silicon-compatible photodetectors [8]. Furthermore, in the concept of 3rd
generation photovoltaics (PV) [9], characterized by a power conversion efficiency > 30 %,
NCs play a major role for multiple junction solar cells [10, 11], or multi-exciton generation
[12]. The general aim is to develop bandgap engineered materials, which (i) ensure light
absorption over almost the complete sunlight spectrum (0.4 − 2 µm) and (ii) reduce the
thermalization loss of energetic excitons.
For the fabrication of NCs a large variety of methods has been developed and/or applied.
In general one can distinguish between methods based on direct deposition of nanoparticles
and phase separation techniques where the NCs are synthesized from a supersaturated solid
solution.
A very common method to generate Si or Ge NCs on a surface is chemical vapour
deposition (CVD) [13, 14]. Thereby, the formation of NCs is initiated at several nucleation
sites, but due to thermodynamically driven site saturation the resulting NCs density is
usually < 1012 cm−2 as vapour monomers prefer to condensate at existing NCs [15]. Similar
problems are obtained when using gas evaporation or cluster deposition technique [16, 17].
A very smart approach is the chemical synthesis of NCs in a solvent and their subsequent
deposition on a substrate, e.g. by spin coating [18, 19]. Chemical routines are available
for both, metal (Au, Fe, etc.) and semiconductor (Si, CdS, PbSe, etc.) nanoparticles.
However, problems often emerge from the (organic) matrix and an inhomogeneous particle
distribution [20]. Moreover, the fabrication of equally-sized, small nanoparticles < 20 nm
remains still a great challenge. Another method to fabricate Ge NCs is the oxidation of
near-surface Ge doped Si-substrates [21]. During the process of oxidation, Ge NCs will be
embedded in the growing SiO2 as a consequence of the low solubility of Ge in SiO2 and
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the thermodynamically favoured Si oxidation.
An advanced and widely used technique to fabricate NCs embedded in a host matrix
is ion beam synthesis (IBS) which is a combination of ion implantation and subsequent
annealing [22, 23]. Thereby, the element of interest is implanted in the matrix with a
concentration exceeding the solubility limit. Already during implantation or during sub-
sequent annealing, NCs are generated in a sequence of precipitation and cluster growth
based on the classical nucleation and Ostwald ripening theory [24]. The main advantage
of IBS is that in general there is no restriction with respect to the used ion species and
the matrix material. Accordingly, over the last 20 years nearly all kind of NCs (metals,
semiconductors, alloys) have been synthesized in various matrices, preferably in dielectric
films which are favoured due to their low solubility limits. With respect to the system in-
vestigated in this thesis, IBS of Ge NCs in silica with subsequent annealing at T ≤ 1000◦C
has been widely investigated [25, 26, 27]. Noteworthy, a certain drawback of IBS applied
in thick films is a broad size distribution and a heterogeneous depth distribution which
results from the Gaussian-like elemental depth distribution characteristic for implantation
profiles.
A possible supersaturated solid solution, which can be used for the Si and Ge NC
formation, are sub-stoichiometric SiOx or GeOx films. These films are deposited by CVD or
PVD methods and afterwards heat treated to initiate phase separation and crystallization
[28, 29]. A slightly modified technique was proposed for the crystallization of Ge NCs using
simultaneous CVD of GeOx and SiOx and annealing at 700
◦C [30]. Here, the basic process
is the reduction of GeOx by Si as SiO2 has a significantly higher enthalpy of formation
than GeO2. Rf sputtered Ge-Si-O layers with subsequent annealing 800
◦C [31] use the
same approach.
For most of the techniques aforementioned, a certain NCs size distribution is obtained.
This is an undesired effect as confinement properties strongly depend on the particle size.
A significant step towards the fabrication of nearly equal-sized NCs was the use of a
multilayer (ML) architecture [32]. For the case of semiconductor NCs, Si- or Ge rich oxide
layers alternate with stoichiometric oxide layers preventing further growth of the NCs in
the sub-stoichiometric films after their phase separation. Pioneering work was performed
by Zacharias et al. [32] on the formation of mono-dispersed Si NCs from SiOx/SiO2 MLs
by the phase separation of the sub-stoichiometric SiOx (0 < x < 2) after annealing at
1100◦C.
This thesis deals with the extension of this ML approach to generate stacked Ge NCs out
of Ge(Si)Ox/SiO2 MLs (cf. figure 1.0.1 (a)). The vertical size confinement is realized by the
ML structure using alternating Ge NCs containing sublayers and thin SiO2 films. Laterally
size-confined Ge NCs are achieved by depositing instead of elemental Ge a non-equilibrium
2
1 Introduction and motivation
(a) Scheme of vertically and laterally size con-
fined Ge NCs growth during annealing out of
GeOx/SiO2 and Ge:SiOx∼2/SiO2 ML systems.
(b) Ge NCs with its 3 degrees of freedom: Size,
lateral and vertical distance.
Figure 1.0.1: Size confined NC growth in MLs during annealing.
compound (e.g. GeOx or Ge:SiOx∼2). Thermally stimulated phase separation leads in a
second step to the formation of self-ordered Ge NCs surrounded by an dioxide (blue/grey
in figure 1.0.1 (a)). The intercluster distance can be tuned by the GeOx stoichimetry or
the Ge to SiO2 ratio whereas the NCs size can be adjusted independently by the GeOx
or Ge:SiOx∼2 sublayer thickness. The accessible degrees of freedom are sketched in figure
1.0.1 (b) by three arrows. In such a way, very regular and dense stacks of NCs with an
extreme narrow size distribution and tunable NC size and lateral/vertical distances can be
produced. New aspects in this work are the use of the reactive dc magnetron sputtering
technique to deposit Ge containing ML systems, the investigation of Ge phase separation
in Ge-rich oxide films with nanometer thickness and the study of stacked Ge-NCs layers
vertically separated by via ultra-thin SiO2 films enabling direct charge carrier tunnelling.
The investigations described in this thesis are motivated by the search for new solar cell
materials and designs. Based on the concept of multi-junction solar cells, there is a strong
interest to replace the use of compound semiconductors by a stack of bandgap engineered
Si or Ge making use of the increase of the bandgap energy for nanostructures << 20 nm
[33, 34, 35]. The most developed approach so far are Si/SiO2 ML stacks. They exhibit a
quite good conductivity in lateral direction (3 order of magnitude higher than in vertical
direction) [36, 37] and a bandgap of up to 1.6 eV (Si/SiO2 thickness: 1/3 nm) after rapid
thermal annealing. The approach was refined for vertical carrier transport with Si/SiO ML
stacks forming conductive pathways between adjacent Si layers after SiO phase separation
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[38]. The vertical current turned out to be 7 orders of magnitudes higher than for the
Si/SiO2 system, but the PL peak only ranges up to 1.2 eV (Si/SiO thickness: 2/3 nm) and
the Raman crystallinity is below 25%. Improvement of Si crystallinity (up to ∼ 80%) has
been achieved with a single SiO2/Si/SiO2 quantum well which was fabricated by thermal Si
deposition with subsequent rf plasma oxidation and annealing [39]. The power conversion
efficiency of a complete (Si/SiO2 ML) - Si tandem cell was calculated by first principles to
be 20% [40] assuming a minority carrier lifetime of only 1 ns within the Si/SiO2 ML top
cell which confirms the potential of this approach.
It is obvious to extend this approach to the use of Ge instead of Si. Depending on the
size and the matrix material, the bandgap energy of Ge NCs is expected to be tunable
between 0.66 eV and ∼ 2 eV [41] which widely covers the sunlight spectrum. Further-
more, compared to Si, the absorption coefficient is larger (for λ > 350 nm) (i.e. lower
absorber thickness required) and the thermal budget to generate Ge NCs is significantly
lower (∼ 600◦C). Thus, the fabrication of Ge NCs via GeOx/SiO2 and Ge:SiO2/SiO2 ML
deposition and annealing came into the focus of interest. Until now, there are only few
publications investigating the properties of GeOx/SiO2 ML stacks. The early works of
Zacharias et al. [42] restricted to a single GeOx layer sandwiched between thick SiO2 films
(> 100 nm). Very recently, two groups [43, 44] reported about formation of Ge NCs in rf
sputtered (Ge:SiO2)/SiO2 ML for PV applications. Within these studies Buljan et al. [44]
demonstrated the formation of regular patterned Ge NCs (≈ 5 nm size) after deposition at
elevated temperatures (500◦C). Zhang [45] achieved Ge NCs (3.7 nm size) after deposition
at only 400◦C. These results were published simultaneously to the investigations described
in this thesis.
The topic of this thesis is the modelling, fabrication and structural analysis of verti-
cally stacked and laterally self-organized Ge NCs. The fabrication of GeOx/SiO2 and
Ge:SiO2/SiO2 MLs is based on dc reactive magnetron sputtering from elemental targets.
Main attention is directed to tailor the size, the lateral and vertical distances and the chem-
ical environment of Ge NCs in the host matrix. The key properties for adjusting these
parameters are the stoichiometry and the thicknesses of the GeOx, SiOx and Ge:SiOx layers
within the ML stack. To this end, sample series with varying thickness and stoichiome-
try have been fabricated for both matrices (GeOx, Ge:SiO2). The deposition rate and
the stoichiometry of the films were determined in dependence of the magnetron power,
the deposition temperature and the oxygen partial pressure in the chamber. Furthermore
the ML roughness, the silica separation layer quality and the temperature stability was
studied.
During stepwise annealing the Ge-O and the Ge-Si-O phase separation into amorphous
Ge cluster and Ge or Si dioxide was investigated by X-ray absorption spectroscopy. After
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the subsequent crystallisation by annealing the property size, size distribution, orientation
of the Ge NCs, and NC density were studied. The ML stability during annealing, in
particular with respect to the silica separation layers was monitored as well. Finally,
ultra-thin silica separation layers ≤ 1 nm have been introduced to maintain the Ge NCs
architecture while allowing charge carrier transport via direct tunneling. The Ge NCs
size-confined photoluminescence (PL) in Ge/Si dioxide matrix is almost negligible due to
dominating defect-PL originating preferably from the NC/matrix interface [46, 47]. The
focus of this work is directed to the description of ML deposition and Ge NCs generation
and on the structural and the chemical properties of this model system. These studies
might be the basis for Ge NC-matrix combinations with a lower defect density at their
interfaces.
The thesis is organized as follows: After the current introduction (chapter 1) some
basic aspects (chapter 2), the experimental setup (chapter 3), and a short description of
main analytical methods (chapter 4) will be presented. In chapters 5 - 7 the results of the
investigations will be described in detail. Chapter 5 is related to the general analysis of the
reactive sputtering deposition characteristics defining the final process window used for the
ML deposition. In chapter 6, the phase separation and crystallisation in the GeOx/SiO2
ML system are described including the analysis of samples with ultra-thin silica separation
layers. In chapter 7, the phase separation and crystallisation in the Ge:SiOx/SiO2 ML
system will be presented. In the final chapter 8 the thesis including the advantages and
disadvantages of both Ge NC matrices are summarized and conclusions are drawn with
respect to synthesis of Ge NCs and some application aspects.
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2.1 Microstructure of sub-stoichiometric oxides
(SiOx, GeOx)
Phase separation of sub-stoichiometric SiOx and GeOx films (x < 2) is a widely used tech-
nique for the formation of Si or Ge NCs with various applications in nano- and optoelectron-
ics. Despite numerous studies, widely accepted knowledge concerning the microstructure
of as-deposited amorphous SiOx films is still not yet available [48], which is even more
valid for GeOx. The main reason is the large variety in microstructure obtained for differ-
ent deposition techniques (PVD, CVD, Sol-gel, Aerosol etc.). The complexity of specific
process parameters, in particular with respect to the energy budget of involved atomic
species and the film composition, leads to different Si-O and Ge-O bonding configurations.
Let us consider first the stoichiometric dioxides SiO2 and GeO2: They exist in amorphous
(glassy, vitreous) and various crystalline modifications with less available polymorphs for
GeO2 [49, 50]. However, due to the chemical analogue of Si- and Ge-oxides (which are
completely miscible), the basic microstructure is very similar. The near-order structure is
formed by XO4 tetrahedra (X = Si, Ge) (cf. figure 2.1.1 (a)). The group-IV atom is cova-
lently bonded to four oxygen atoms and tetrahedras are connected at their corners forming
a network. Crystalline phases form a regular network, whereas the vitreous phases exhibit
only a short-range order characterized by a large variety of Si-O-Si (or Ge-O-Ge) bonding
angles (cf. figure 2.1.1 (b)). Small differences in electronegativity (Si/Ge: 1.90/2.01) and
atomic radii (Si/Ge: 117/122.5 pm) cause small differences in bonding lengths and an-
gles for SiO2 and GeO2 (SiO2/GeO2: Quartz: X-O 1.70/1.74 Å, O-X-O 108-111/106-113
◦,
X-O-X 144/130◦; Glass: X-O 1.62/1.72 Å, X-O-X average 151/131◦ [51, 50]).
This thesis focusses on low-temperature sputtered GeOx and Ge:SiOx layers, thus vit-
reous phases are of particular interest. According to the standard phase diagrams, sub-
stoichiometric SiOx, GeOx (0 < x < 2) are metastable, i.e. oxides exhibit only a near-order
morphology. For sub-oxides one or several oxygen atoms are replaces by Si or Ge atoms
leading to an increased number of Si-Si (or Ge-Ge) bonds which finally results - besides
Si, Ge and their dioxides - in three additional Si-O (or Ge-O) tetraeder configurations
with Si(Ge) oxidation states 1+, 2+, 3+. In the following some basic models, developed
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(a) The SiO2 structure is composed out of Si-O4
teraeders which are connected at the corner O
atoms under specific Si-O-Si bonding angles.
(b) Crystalline (quartz) and amorphous (glassy)
silica structure [52].
Figure 2.1.1: Silica tetraeder and complete quartz and amorphous structure.
for bulk SiOx, will be briefly presented to gain a general idea of the initial structure of
sub-stoichiometric oxides prior to phase separation and crystallization.
In the random mixture model (RMM), SiO consists of small statistically distributed Si
and SiO2 domains with unspecific bonding between Si and SiO2 [54], (cf. figure 2.1.2 (a)).
The model predicts the stoichiometry and the tetraedic bonding in a much better way,
but fails in explaining several physical and chemical properties. The excellent Si/SiO2
interface properties require the existence of sub-oxides. Moreover, measured XRD near-
order pattern of SiO cannot be explained by a superposition of amorphous Si and vitreous
SiO2 [55]. Thirdly, main chemical properties like etching behaviour and the high vapour
pressure (volatility, evaporation) fail when assuming SiO as a pure mixture of Si and SiO2.
Thus, an alternative random bonding model (RBM) has been developed by Phillip
[55] where SiOx consists out of a network of randomly distributed Si(Si4−nOn) tetraeders
(n = 0, 1, 2, 3, 4). The relative amount of various tetraeders (n = 0 - 4) directly corre-
sponds with the oxide composition (0 < x < 2). For SiO a normal distribution with a major-
ity of Si(Si2O2) tetraeders, i.e. oxidation state Si
2+, will be obtained (cf. figure 2.1.2 (b)).
The model predicts in a much better way the stoichiometry and next neighbor distances
obtained by X-ray scattering or EXAFS. For low-temperature rf magnetron sputtered
SiOx films [56], the RBM was successfully applied to explain the distribution of different
Si oxidation states measured by photoelectron spectroscopy (XPS).
The interface cluster mixture model (ICMM) introduced by Hohl et al. [48] combines
both previous models, including them as boundary cases (cf. figure 2.1.2 (c)). In this model
SiO consists out of tiny Si (Si(Si4) coordination) and SiO2 (Si(O4) coordination) domains
within a Si sub-oxide matrix (Si(Si4−n)On coordination with n = 1, 2, 3). Accordingly, the
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(a) SiO random-mixture model (RMM) (b) SiO random-bonding model (RBM)
(c) SiO interface cluster mixture model (ICMM)
Figure 2.1.2: Different SiO structural models with contained Si(Si4−nOn) tetraeders, n = 0, 1,
2, 3, 4 [53, 48]
elemental and the dioxide tetraeders have a higher volume ratio than expected from RBM.
The ICMM has been shown by XPS and XANES studies to be valid for evaporated SiO
films [48]. It is clear that this model also reflects the situation during phase separation of
sub-stoichiometric SiOx into the thermodynamically stable phases of Si and SiO2.
What is known about GeO? In principle, the above mentioned models are considered
to be valid also for Ge sub-oxides. But, as the microstructure of GeOx strongly depends
on the deposition parameters, it is not surprising that partly diverging results have been
obtained. Reactively evaporated GeOx films (20 - 100 nm; 0 < x < 2) investigated by XPS
revealed the existence of Ge in all oxidation states (Ge0 to Ge4+) with fractions following
the expected behaviour from the film stoichiometry [57]. Here, the co-existence of all
tetrahedral Ge-O configurations favors the validity of the RBM model. Contrary, in the
work of Schacht et al. [58] evaporated GeO shows in XANES a considerable higher ratio
of Ge and GeO2 than expected from RBM, thus suggesting the preference of ICMM.
For the validation of differing results mainly two effects have to be kept in mind. Firstly,
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XPS is very surface-sensitive (< 10 nm information depth) whereas EXAFS or XANES
measurements reflect bulk properties. In addition, the limits between both models (RBM,
ICMM) are fluent, depending on the size of the Ge and GeO2 domains and the residual
fraction of sub-oxides at the intermediate regions. In particular, if the applied process
parameters stimulate a certain phase separation during deposition, the use of IBMM is
often more reasonable. After phase separation completion the oxide morphology usually
fits RMM, but still some dangling bonds respectively sub-oxides will exist at the Si-SiO2
(similar for Ge-GeO2 or Ge-SiO2) interface regions to bridge the mismatch of both com-
ponents.
2.2 Phase transformations
With respect to sub-stoichiometric oxides (GeOx, SiOx) investigated in this thesis, phase
transformation processes cover the phase separation of the sub-stoichiometric oxide and
subsequent crystallization of elemental NCs. To reflect the whole bandwidth of phase
transformations in materials the reader is referred to main textbook and review articles
[59, 60, 61].
Phase separation describes a temperature and time dependent process in a heteroge-
neous system where a thermodynamically metastable phase decomposes via the formation
of two (or more) locally separated, stable single phases which is driven by the total energy
minimization of the system. Here only some basic phenomena with special attention to the
formation of precipitates are illustrated on a simplified phase diagram (figure 2.2.1 (a)).
The coexistence curve marks the boundary between thermodynamically favored single and
two (or multiple) phase regions. Three points in the phase diagram at different temper-
atures T and fixed composition c0 are marked ”0”, ”1” and ”2”. At all points below the
coexistence curve (e.g. ”1” in the miscibility gap) the single phase becomes energetically
disfavored i.e. the Gibbs energy of the two-phase system is lower, and with a certain ac-
tivation energy the ”metastable” single phase decompose into a two-phase system. Below
the spinodal curve (e.g. at ”2”) there is a very strong Gibbs energy difference: the single
phase is ”unstable” leading to a relatively straightforward decomposition.
In the classical nucleation and growth decomposition model (valid for the ”metastable”
region) small spherical precipitates form spontaneously. The size-dependent Gibbs energy,
shown in figure 2.2.1 (b), is determined by the balance of the energy gain due to the
transformed volume (∆GV ∼ r3) and the energy consumption necessary to form the surface
(∆GS ∼ r2) [63].
∆G(r) = ∆GV + ∆GS = −(4/3)πr3
∆µ
V
+ 4πr2
α
A
(2.2.1)
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(a) Simplified phase diagram [62, 59].
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Figure 2.2.1: Simplified phase diagram and precipitates growth size threshold in the classical
nucleation and growth decomposition model.
where ∆µ/V is the Gibbs free energy per volume unit (∆µ: chemical potential), and α/A
the surface (or interfacial) Gibbs free energy per unit area. From first derivative the critical
radius for stable nucleation is given according to
rc = 2
α
∆µ
V
A
∼ 1
∆T
with ∆µ = kB∆T lnσ (2.2.2)
where ∆T denotes the temperature difference between the temperature of the existing
”meta-stable” phase and the corresponding thermodynamically steady-state temperature.
For r < rc precipitates dissolve, but above rc nuclei remain stable and continuous growth
(Ostwald ripening) is obtained (cf. figure 2.2.2 (a)). For heavily super-cooled solid solu-
tions, spinodal decomposition is the energetically favored solution for phase separation.
Thereby, no activation energy threshold hinders the precipitate growth, i.e. small statis-
tical homophase fluctuations lead already to the formation of growing precipitates (cf.
figure 2.2.2 (b)).
The kinetics of phase separation within the classical nucleation and growth theory can
be described by the Johnson-Mehl-Avrami-Kolgomorov (JMAK) equation, based on the
work of the corresponding authors between 1939-1941 [64, 65]. The fraction X(t) of a new
component formed as a result of phase separation (or transformation) is given by
X(t) = 1− exp(−K(T )tn) with K(T ) = k0exp(−Ea/kBT ) (2.2.3)
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Figure 2.2.2: Precipitates formation characteristics for the classical nucleation and growth (a)
and the spinodal (b) decomposition model [62, 59].
which - besides the temperature and time dependence - is mainly determined by the Avrami
coefficient n and the function K(T ) which describes the precipitate growth rate as a func-
tion of temperature and activation energy Ea. The JMAK parameters n, k0 and Ea differ
with respect to the nucleation process (continuous or site-saturated) and the dimension-
ality of precipitate growth which can be determined by differential scanning calorimetry
[66, 67].
From equation 2.2.3 it is reasonable to suggest that phase separation is much more influ-
enced by the temperature (double exponential dependence!) than the time. This general
behaviour is confirmed by investigations of Kahler [68] and Hinds [69] for Si NCs formation
as a result of Si-O disproportion where a fast onset of phase separation (characteristic time
< 60 sec) and a saturation after about 30 min is obtained. For physical interpretation the
authors argued with the continuous growing SiO2 shell (or interface) around the Si NCs.
These oxides act as a barrier against Si diffusion from residual sub-stoichiometric oxide
regions or against neighbored Si NCs interaction (cf. concentration dip next to precipitates
figure 2.2.2) which suppresses further cluster growth.
In contrast to the crystallization in a solid bulk the crystallization in thin a-Ge films
(d = 2 ... 50 nm) sandwiched between an oxide is influenced additionally by the oxide
interfaces, strain and by extended defects at the grain surface. Three experimental data
sets are available for the layer thickness dependent crystallization temperature Tc which
are summarized in figure 2.2.3 (c) together with the empirically fit formulae
Tc = Tac + (Tmelt − Tac)exp(−d/C) (2.2.4)
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(a) Crystallization temperatures of different lay-
ered structures as a function of the layer thick-
ness. The lines represent the model calculations
using equation 2.2.4 and the parameters given in
table 2.2.1.
(b) Model of a crystallization nucleus (c) embed-
ded in an amorphous film (a) sandwiched between
oxide layers (o).
Figure 2.2.3: Crystallisation temperatures of thin a-Ge films (2 ... 50 nm) sandwiched between
an oxide [70, 71, 72].
Stack Tmelt (K) Tac (K) C (nm)
Si/SiO2 1683 973 2.56
Ge/SiO2 1211 773 2.52
Table 2.2.1: Melt and crystallisation temperatures of Si and Ge used for the fit in figure 2.2.3
(c) with equation 2.2.4.
where Tmelt, Tac are the melt and crystallisation temperatures and C is the fit constant
- all parameters are summarized in table 2.2.1. In the crystallisation model derived by
Zacharias et al. [70] and sketched in figure 2.2.3 (d) the different interface (a-c, o-c, o-a)
energies and their energy balance analysis leads to C = 4l0. Following Zacharias [70] l0
can be physically interpreted as follows: ”Assuming short-range interatomic forces, l0 can
be interpreted as an average screening or bonding length which is related to the range of
interatomic forces typical for the materials o and c.”
2.3 Quantum confinement effect in nanocrystals
In the motivation a possible pathway for the use of nanostructured materials in PV has been
illustrated. The envisaged benefits for the use of NCs are mainly related with quantum
confinement effects (QCE) [33, 34, 35]. If the characteristic nanostructure size decreases
below the Bohr exciton radius (Si: 5 nm, Ge: 24 nm), the electrons become spatially
confined [75, 31]. Depending on the nanostructure shape quantum wells, quantum wires
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Figure 2.3.1: Dimensionality of nanostructures with the corresponding electron density-of-states
(DOS) distribution. [73, 74]
or quantum dots can be distinguished with a leftover freedom in 2, 1 or 0 dimensions,
respectively. The spatial confinement leads to tremendous changes of the band structure
and the density-of-states (DOS) distribution as sketched in figure 2.3.1 The prerequisite
of an infinite periodic atomic lattice for the Bloch model is not valid anymore. For the
strongest spatial confinement in quantum dots, allowed energy states (both in the valence
and conduction band) become discrete with an increasing level separation with reduced
quantum dot size. In the very simplest case of a semiconductor nanostructure within an
infinite potential well, the bandgap energy EG of ground states can be described as follows
[76]:
EG(d) = EG(∞) +
~2π2
2d2
(
1
me
+
1
mh
)
(2.3.1)
where me, mh are the effective masses of electrons and holes, respectively, EG(∞) is the
band gap for bulk material and d is the width of the potential well (= cluster size). The
equation 2.3.1 clearly reveals the influence of the cluster size and the effective masses
showing that materials with low effective masses exhibit stronger quantum confinement
effects. The differences in effective masses are mainly responsible for steadily increasing
QCE of group-IV-semiconductors from Si → Ge → Sn.
For direct bandgap semiconductors, the QCE can be easily derived from effective mass
approximation calculations [33]. The extension of the optical gap is confirmed by optical PL
measurements and absorption spectroscopy as shown in figure 2.3.2 for CdSe/ZnS quantum
dots with different sizes [77]. In contrast, for the indirect semiconductors Si and Ge
sketched in figure 2.3.3 (a) it is evident that for light emission due to direct recombination of
13
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(a) Absorption spectra. (b) PL spectra for 488 nm excitation (blue line).
Figure 2.3.2: Shift of absorption spectrum (scanned photon energy) and of PL peak position
(PL-Excitation: 488 nm - blue line) as obtained as a result of quantum confinement for CdSe/ZnS
quantum dots of different sizes [77].
excitons an additional phonon is necessary to fulfill the momentum conservation rule. The
spatial confinement of a Si quantum dot within a silica matrix (bandgap ∼ 9 eV) is shown
in figure 2.3.3 (b) where in increasing Si band gap (depending on NCs size) is marked by the
discrete levels in the conduction and valance bands (CB, VB). According to Heisenberg’s
principle, the strong spatial confinement in NCs increases the momentum uncertainty
leading to an overlap of electron and hole wave functions in k-space. The consequence
is an increased transition probability for electron-hole recombination with decreasing NCs
size (cf. figure 2.3.3 (c) and reference [78]). Despite this, the experimental evidence of QCE
from Si, Ge NCs is much more challenging. This is caused by the still very low transition
probabilities for direct electron-hole recombination and the strong influence of the NCs
environment with significant consequences to luminescence emission. In particular, NC-
matrix interface defects energetically located within the bandgap trigger non-radiative
exciton recombination or optical transitions at specific wavelengths characteristic for the
energy level of the optical centers. A strong hint for the latter effect is the observation
of PL signals at a fixed wavelength independent of the NCs size. These effects require a
careful interpretation of the PL properties obtained in Si or Ge NC films (see below).
The energy levels scheme of spherical Si and Ge NCs embedded in a wide bandgap
matrix calculated by using an atomistic pseudopotential approach (linear combination of
bulk bands) is shown in figure 2.3.4 [41]. The NCs environment was considered as an
”artificial” matrix characterized by a silica bandgap energy but continued (undisturbed)
NCs atomic structure to simplify the interface description. Thus dangling bonds and
strain, which might occur due to the lattice mismatch at the NC-matrix interface, are not
14
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Figure 2.3.3: Transition from indirect to ”quasi-direct” bandgap on the nanoscale of Si [73, 79].
Figure 2.3.4: Energy levels
scheme for Si and Ge NCs of 1.4
-4 nm as calculated by [41]. The
bandgap edges for bulk material
are marked with dashed blue lines.
included in the model. Bulutays calculations still mark an experimentally not achievable
ideal case but are closer to the real conditions (e.g. hydroxyl groups at interfaces) as
earlier calculations with H-saturated NCs [80]. The predictions clearly reveal the bandgap
widening (with unsymmetrical behaviour for VB and CB side) and the enhanced energy
discretization with increasing spatial confinement. Both calculated bandgaps are presented
together with a variety of experimental observations from PL measurements in figure 2.3.5.
For Si NCs (cf. figure 2.3.5 (a)), Bulutay’s predictions [41] show a similar dependence but
slightly smaller bandgap values than the ab-initio calculations with hydrogen saturated NC
bonds. Furthermore the experimental PL peak positions of silica-embedded Si NCs out of
vacuum evaporated [81] and rf sputtered [82] SiO-SiO2 MLs show a similar behaviour with
respect to their size dependence (cf. figure 2.3.5 (a)) even though the QCE is not as strong
as predicted for strainless NCs with perfect surface passivation. Only directly vacuum
deposited Si NCs, which were prepared in a gas flow reactor [83], show a QCE similar to
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Figure 2.3.5: Confinement effect with respect to the bandgap energy shift as derived from
theoretical calculations and PL measurements.
the predictions as they don’t suffer from strain and NC-matrix interface defects. Similarly,
for Ge NCs the calculations using the ideal wide bandgap matrix show a similar but slightly
smaller (in particular for small Ge NCs sizes < 4 nm) bandgap values than the calculations
with hydrogen saturated NC bonds [80]. Significant differences and discrepancies exist
between both, calculation and experiment as well as between various experimental studies
as shown in figure 2.3.5 (b). Ge NCs embedded in a silica matrix out as a result of
phase separation in rf-sputtered GeSiO layers from Takeoda et al. [84] show an interesting
size dependency of the mean PL emission wavelength which can be discussed in terms of
QCE, but unfortunately these result could not be reproduced within 15 years of research.
Two size-independent PL mechanisms can be observed from Ge NCs in SiO2-GeO2-matrix
out of reactive sputter deposited SiGeO films [46] (cf. figure 2.3.5 (b)): If the excitation
wavelength is in the UV range (above 4 eV) a strong PL peak at ∼ 3 eV is observed
(downside triangles in figure 2.3.5 (b)) which is doubtless correlated with a well-known
single oxygen-vacancy defect at the Ge NC surface [47].
This strong PL can be avoided by decreasing the excitation energy below 3.5 eV, but
unfortunately other defect Ge-Si-O configurations [31, 86] lead to a size-independent PL
peak at ∼ 2 eV (upside triangles in figure 2.3.5 (b)). Some of the 2 eV PL signal can
be meanwhile correlated to certain Ge:SiO2 oxide defects [31, 86]. However, their atomic
configuration,their preferred localization with respect to the matrix or the NC/matrix
interface and their consequences for the QCE are not clarified in detail and remains a field
of further research. Consequently, the straightforward study of the bandgap widening via
PL, as in the case of Si, seems not possible for Ge NCs in GeO2 and SiO2 matrices. An
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Figure 2.3.6: Ratio of surface atoms to all
atoms and total amount of atoms in dependence
of the NC size for fcc lattice type NCs.
alternative method is the analysis of absorption/transmission measurements which enable
direct access to optical parameters relevant for PV applications.
There is common agreement that quantum confinement effect already starts at bigger
NC sizes (compared to Si) due to the higher Bohr exciton radius [41, 33]. However, it has
been found that with respect to band structure calculations the kind of surface passivation
(i.e the saturation of cluster surface dangling bonds) plays an essential role. The high
importance of NC-matrix interface properties can be comprehensively explained by the
high fraction of surface atoms. As shown in figure 2.3.6 for Ge NCs, e.g. 70% of all
atoms for a NC of 3 nm size are surface atoms. For practical considerations it is evident
that the reproducible application of Si, Ge NCs requires well passivated cluster surfaces
characterized by a defect density as low as possible to enable a distinct QCE and to
suppress non-radiative recombination.
2.4 Applications of nanostructures in 3rd generation
photovoltaics
While (mono-, multi-crystalline) wafer based (1st generation) as well as thin film Si solar
cells (2nd generation) are nowadays state-of-the-art in commercial production (market vol-
ume > 80%), recent research focuses more on 3rd generation solar cells [87, 82]. The term
3rd generation PV [9] is somewhat ambiguous with respect to encompassed technologies,
though generally it tends to include, among others, non-semiconductor technologies (in-
cluding polymer cells and biomimetics), (Si) quantum dots, tandem/multi-junction cells,
intermediate and hot-carrier solar cells, up- and down-conversion technologies, and thermo-
photonics. The general aim of 3rd generation PV is to realize high power conversion effi-
ciency (> 30%) solar cells by combining nanostructured materials and cost-effective thin
film technologies.
To illustrate possible approaches, one has to consider the physical processes which limit
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the power conversion efficiency of solar cells. The general requirements for an effective solar
cell can be defined as follows: (i) complete light absorption in the active volume generat-
ing a high-density of electron-hole pairs by the photoeffect, (ii) effective carrier separation
and collection at the contacts with lowest possible losses due to recombination or charge
trapping, and (iii) negligible power loss at the contacts or external circuits. Looking at
standard wafer based single junction Si solar cells, their power conversion efficiency is lim-
ited by two main power loss effects which are the non-absorption of infrared radiation with
energies below the Si bandgap energy (1.12 eV = 900 nm) and the lattice thermalization.
The latter effect describes the energy transfer of energetic electrons (excited by light from
the blue-green wavelength region) by electron-phonon interactions [88]. As conducted for
the first time in the fundamental work of Shockley and Queisser [88], only from these two
effects the Si solar cell power conversion efficiency is thermodynamically limited to 31-41%
(so called Shockley-Queisser-limit), depending on the incoming photon flux (in practical
terms: the concentrator factor). From their considerations it became clear that of most
relevance are materials properties like bandgap energy and diffusion length, the latter one
includes both carrier mobility and lifetime. For a standard Si solar cell, figure 2.4.1 (a)
shows the maximal usable solar radiation (indicated by the red area) of the reference solar
spectrum air mass 1.5 (AM 1.5) [89] for a standard Si solar cell. The air mass coefficient
defines the relative optical path length from space through the earth’s atmosphere, accord-
ingly AM 1.5 corresponds to sun light penetrating the atmosphere under an angle of 48◦
with respect to normal incidence.
Best single-crystalline Si solar cells have an power conversion efficiency slightly above
20% (laboratory cells up to 25%) which is not so far from the theoretical limit keeping in
mind additional reflection, recombination and fill factor losses. Thin film single bandgap
Si solar cells have the same thermodynamic limit, but exhibit lower power conversion effi-
ciencies between 16 - 18% mainly due to distinct higher carrier recombination on structure
defects and non-complete absorption due to the thin absorber thickness (typical 3 µm). On
the other hand, the possibility to fabricate thin film solar cells at various (cheep) substrates
and the low absorber thickness (almost factor 100 less than for wafer-based Si solar cells)
decrease the fabrications costs which is nowadays the most relevant driving force for the
market acceeptance of solar cell technologies and the priorities of future PV development
as well.
Another approach to lower the specific costs (i.e. price per watt) for PV is a signifi-
cant increase of power conversion efficiency with technologies and materials suitable for
large-scale production of solar cells. As revealed by Shockley’s work, significant power con-
version efficiency improvements are possible if materials with different bandgap energies
adapted to certain regions of the solar wavelength spectrum can be combined. Such an
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(a) Standard Si solar cell [91]. (b) Schematic Ge NC multilayer system with de-
creasing bandgap from top to bottom.
Figure 2.4.1: Maximal usable solar radiation (colored area) of different solar cells with respect
to the solar irradiation reference spectrum air mass 1.5 on earth (AM 1.5).
approach of stacked solar cells with different absorber materials was introduced for the first
time by Jackson et al. [90] already in 1955. From theoretical considerations a huge power
conversion efficiency increase to 42, 49 and 68% for 2, 3 and infinite number of junctions,
respectively (for unconcentrated light) or even up to 80% for concentrated light can be
expected. Intense work towards this goal have been performed by the Institute of Solar En-
ergy (ISE) Freiburg using a stack of III-V thin films epitaxially grown on mono-crystalline
Ge substrates [91]. A first solution consists of a Ge (0.66 eV) / GaInAs (1.4 eV) / GaInP
(1.9 eV) triple junction cell where absorber materials of decreasing bandgap energy from
the top to the bottom cell allowing selective light absorption. Such multi-junction solar
cells (using sophisticated layer compositions) with 33/43% power conversion efficiency (for
un-/concentrated light) are now commercially available by Concentrix Solar GmbH [92].
Due to the high fabrication costs, the application of these solar cells is limited to space
applications or special solutions with small area solar cells applied in solar concentrators
[93].
The objective for research towards 3rd generation solar cells is to develop multiple
bandgap thin film solar cells with a significantly enhanced power conversion efficiency
based on low-cost materials and large-scale suitable fabrication technologies. The only
system of that kind which is already commercially used is a Si tandem cell (in this case
without nanostructures) which combines microcrystalline Si (1.2 eV) with hydrogenated
amorphous Si (a-Si:H: 1.8 eV). These Si-Si tandem cells deliver an increase in power con-
version efficiency of 30% compared to a-Si:H solar cells (total power conversion efficiency
about 12% [94], but can be considerably improved if better current matching will be
achieved [95].
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In this thesis the work has been started with the long-term goal to extend this approach
to Ge making use of the bandgap tailoring within stacked or graded Ge NCs multilayers
(MLs) as sketched in figure 2.4.1 (b). In principle, the use of Ge has several advantages:
First of all, the bandgap of Ge can be widely tuned between 0.66 eV (bulk value) and
about 2.5 eV (NC size: 2 nm) which fits the major part of the solar spectrum from 500 to
1850 nm. Moreover, the formation temperature of Ge NCs is about 550◦C [1] instead of
1000◦C for Si NCs [32] making available the use of cheap glass (or metal foil) substrates.
In close analogue to the multiple bandgap solar cell made from compound materials, a
ML with at-least two different Ge NC sizes and a thin Ge film on the bottom can be
designed. The advantage of such a ML sub-structure are the narrow size distribution of
the NCs allowing a high density of separated NCs in a bulk and the use of ultra-thin SiO2
separation layers ∼ 1 nm necessary for charge transport via direct tunneling.
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3.1 The magnetron deposition chamber
The deposition of homogeneous films and ML stacks of Ge, Si, SiGe and their correspond-
ing oxides were performed by magnetron sputtering using self-developed small deposition
chambers. An image and the general setup of such an chamber is shown in figure 3.1.1.
The half-spherical sputter chamber has a diameter of 24 cm and a total volume of 9 l. Key
parts are two miniature magnetrons [96] connected to power supply, water-cooling and gas
inlet systems. The magnetrons can be individually shadowed by programmable pneumatic
shutters. The magnetrons are tilted by 30◦ perpendicular to the substrate surface and are
equipped with ultrapure Si and Ge targets ( 1”, thickness 1/8”, purity 5.5).
The substrate holder consist of an Al2O3 ceramic plate on top of an wire-wound heater
block which allows depositions at elevated temperatures or post-deposition anneals up
to 500◦C. The temperature is registered with two K-type thermocouples: one, installed
inside the heater, is used as a reference for the heat current regulation, and the other
one is clipped on the sample surface to measure the deposition temperature. For a typical
deposition at 200◦C the temperature difference is about 70◦C. The deposition temperature
values specified in this work are defined by the average between the higher heater value
and the lower sample surface value if not otherwise specified.
The base vacuum in the chamber of < 0.1 mPa is achieved by a combination of a scroll
and three small turbo pumps with a total pumping power of 300 l/s. The pressure was
measured with three different pressure gauges: A full range gauge (Pfeiffer PKR-251)
was used for a general overview, a gas independent capacitive gauge (CMR 275) for the
precise determination of the partial pressures of the sputter gas Ar (typical 0.5 Pa) and
the reactive gas O2 (1 ... 100 mPa), and an additional ionization gauge (Leybold IR100)
for control. The sputtering operation pressure was realized by inserting the process gases
(Ar or Ar+O2) with well-defined flow rates - precisely adjusted by Bronckhorst mass
flow controllers (MFC) - into the chamber usually without shuttering the turbomolecular
pumps. Thus, the resulting pressure is given by the balance of inserted and pumped
gas volume. To enable high partial pressure values of the reactive O2 gas (∼ 100 mPa),
with respect to a maximum flow rate (∼ 1 sccm) of used MFC, the pumping power was
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(a) Picture of chamber. (b) Labeled scheme of chamber.
Figure 3.1.1: Picture and scheme of the used magnetron deposition chamber.
reduced by butterfly valves in front of the turbomolecular pump. For reproducible and
stable process conditions the gas handling was performed as follows: At first O2 gas was
introduced into the chamber until the desired O2 partial pressure (preferably 10-20 mPa)
has been maintained and stabilized for 5 minutes, followed by the same procedure with Ar
gas choosing a flow rate which results in the total pressure of 500 mPa. Afterwards, the
plasma was ignited with closed shutters and only after a pre-sputtering step (∼ 2 min) for
target conditioning the shutters were opened to start the deposition. During deposition
both magnetrons were permanently running and the deposition sequence was regulated by
a control of the magnetron shutters.
3.2 (Reactive) dc sputtering
Sputtering is a widely used thin film deposition technique (all-embracing description in
[97]) where energetic ions from a low-pressure plasma (typical 0.5 - 2 Pa) remove target
atoms which are travelling to the substrate in a ballistic or diffuse manner. The low density
Ar plasma (ionization degree ∼ 1%) is ignited by a glow discharge between the target and
the floated or grounded sample applying a potential of typical several hundred volts in
between. The magnetrons contain a set of circular arranged permanent magnets (figure
3.2.1 (a), left part) behind the target (figure 3.2.1 (a), right part). The corresponding
magnetic field (sketched as black half circles in figure 3.2.1 (b)) confines the electrons
close to the target surface. The electrons move on helical paths, thus numerous ionizing
events with the Ar atoms occur in the plasma. Due to the different masses (respectively
mobilities) of electrons and ions, a plasma sheath between the target surface and the
ionized gas with an extension (depending on pressure) of millimetre is generated where
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(a) Picture of magnetron with(out) target. (b) Magnetron with detailed operating scheme.
Figure 3.2.1: Picture of the used magnetron and scheme of the magnetron sputter process.
almost of the whole magnetron potential drops down. Ar+ ions extracted from the plasma
boundary are accelerated in the electric field towards the negatively biased target surface
and kick-out neutral atoms by physical sputtering. The enhanced ion/electron density
between the magnetic poles yields to an increased target sputtering in that region leading
to a racetrack erosion profile as visible in figure 3.2.1 (a), right part.
The deposition rate depends mainly on the magnetron power, the sputter yield
(cf. table 3.2.1), the working pressure and on the target-substrate distance. Furthermore,
the deposition rate has a characteristic profile which results from the angular dependence
of sputtering (∼ 1/cos2α ) which is modulated by the circular sputter erosion crater and
shadowing effects from the magnetron chimney. In addition, the deposition rate across the
substrate is also influenced by the 30◦ tilt of the magnetrons. For a non-rotating substrate
of (18 x 18) mm2 size a film thickness variation of ± 12% is expected in direction parallel
to the tilt, whereas perpendicular to the tilt direction this value is only ± 3%. The simple
calculations based on different target-substrate distances have been exemplarily varified
by film thickness measurements across the sample.
Using dc magnetron power only the sputtering of conductive targets is possible. For
the case of dielectric or insulating materials no plasma can be ignited because the voltage
drops down across the target. For such materials radio-frequency (rf) or pulsed magnetron
sputtering is the method of choice, but compared to dc magnetron sputtering (i) these
techniques require significant higher sputter powers with respect to a certain deposition
rate, and (ii) they are much more expensive due to the need of a matching network. A very
convenient way of creating oxide layers with common conductive targets is reactive dc
magnetron sputtering where the reactive component, here O2, is mixed with the chemical
neutral sputter gas Ar. For the experimental conditions studied in this work (p = 0.5 Pa)
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(a) Magnetron with Ge target.
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Figure 3.2.2: Magnetron voltage U(V) at fixed current I shows a strong drop in case of mag-
netron target poisoning with oxygen for the Si target at currents below 100 mA.
the mean free path exceeds the target-substrate distance of 100 mm, thus the sputtered Ge
and Si atoms does not interact directly with the oxygen atoms in the chamber while moving
to the substrate. Accordingly, oxide formation occurs at the substrate, where the reactive
gas atoms get physically adsorbed at the film surface and subsequently incorporated in the
film during on-going deposition.
Another aspect of reactive sputtering is poisoning which implies the chemical interaction
of the reactive species with the target surface. Poisoning happens if the oxidation rate is
faster than the sputtering/desorption rate of the target surface. The favoured process
depends on the reactive species/target combination, the reactive gas partial pressure and
the target temperature. Due to the complex dependence of several parameters a general
description is rather complicated, but fortunately there is an easy practical way to control
this cross-over experimentally by recording the electrical parameters of the magnetron
power supply [98]. An example is given in figure 3.2.2 where for Ge or Si sputtering in
the constant current mode the magnetron voltage U(V) is plotted as a function of the
oxygen flow rate and the corresponding oxygen partial pressure ppO2. The characteristics
U = f(ppO2) clearly show two effects: (i) with increasing ppO2 the voltage slightly increases
due to a subsequent reduction in the ionization collision cross section [99], and (ii) a distinct
drop of the voltage becomes visible if the target is oxidized which is to an increased
secondary electron emission [100]. For the Ge target (cf. figure 3.2.2 (a)), the magnetron
voltage continuously increases and no voltage drop is obtained for all ppO2 and magneton
power values used in this study. This clearly shows the preference of sputtering. For Si,
the magnetron voltage increases as well but in contrast to Ge there occurs a steep drop at a
characteristic ppO2 value which is indicated in the figure by a red ”P”. The onset of Si target
poisoning is shifted to higher values with increasing current (i.e. increased sputtering rate)
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Ar ions in ... Ge GeO2 Si SiO2
Calculated
Ar ion
penetration
path in
a solid
scale: 0 - 5 nm
Ge at/ion 0.62 0.1
Si at/ion 0.22 0.033
O at/ion 0.15 0.041
Table 3.2.1: SRIM calculated paths and TRIDYN calculated Ge/Si/O sputter yields of Ar+
ions (E0 = 300 eV) in solids (Ge, Si and their dioxides).
until poisoning is suppressed at I ≥ 100 mA for the investigated ppO2 range. The finally
used Si magnetron power of 20 W (cf. figure 5.1.2 in chapter 5) corresponds to a current
of 60 mA which allows poison-free sputtering for ppO2 < 15 mPa (cf. figure 3.2.2 (b)). The
difference between Ge and Si target poisoning is caused by the higher Ge sputter yield
and it’s lower oxygen sticking coefficient compared to Si as discussed in detail in the next
paragraph.
The interaction of the sputtering Ar+ ions with different targets was analyzed quantita-
tively in order to gain information of the characteristic sputter yields Y and to study the
influence of oxidized target surfaces on the sputter yields. Using the TRIDYN program
[101] the sputter yields of Ar+ ions with an incident energy (E0) of 300 eV were calculated
for Ge, Si and their dioxides (Mi,t and Zi,t denote the corresponding atomic weights and
numbers). As shown in table 3.2.1 the sputter yield Y of Ge is 2.8 times higher than
the one of Si. Furthermore, the sputter yields for the dioxides are considerably smaller
than for elemental targets which is a consequence of the lower Si, Ge atomic concentration
at oxidized surfaces. Accordingly, in case of target oxidation during reactive sputtering
a significantly lower deposition rate is expected (for Ge a drop of 50% and for Si 75%).
These results directly reflect the dependencies of the classical sputter theory developed by
Sigmund [102] where the sputter yield can be expressed in an analytical approximation as
Y = 0.042 · τ
(
Mi
Mt
, θ1
)
·
Sn(E0, Zi, Zt)
Es
·
1
cos2α
(3.2.1)
where τ is a dimensionless fraction of energy available for sputtering, Sn(E0, Z) denotes
the nuclear stopping cross section (in eV A2), Es the surface binding energy (in eV) [103],
θ1 the incident angle and α the emission angular distribution depending on the mass ratio
of incident ions and sputtered atoms (Mt/Mi). As the angular distribution of the sputtered
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(a) Gas flow annealing furnace. Inset: Glass cap. (b) Vacuum annealing chamber. Inset: Wire-
wound heater.
Figure 3.3.1: Used annealing setups.
atoms is narrower for Ge than for Si [104, 105] the difference in their deposition rates is
increased.
3.3 Annealing processing
The deposited samples have to be annealed in order to achieve phase separation and NCs
formation. This has been done mainly in a quartz glass tube furnace (see figure 3.3.1 (a))
under a continuous gas flow of 60 l/h alternatively with N2, Ar or Ar + 5% H2 (purity: 5.0)
and an annealing time of 60 min. The samples were inserted after temperature stabilization
on a quartz glass sample holder and the furnace than was closed with a glass cap (cf. inset
in figure 3.3.1 (a)). Some samples have been annealed under vacuum conditions (p < 10−5
Pa) in an annealing chamber (cf. figure 3.3.1 (b)) with a wire-wound heater (inset in
figure 3.3.1 (b)). Special annealing setups were performed in combination with in − situ
X-ray analysis (see next chapter).
3.4 X-ray facilities
All laboratory X-ray scattering investigations were performed on Siemens/Bruker AXS
diffractometers (D5000 or D5005) using Cu X-ray tubes (Cu-Kα: 8.04 keV = 1.54 Å).
Both instruments are equipped with a parabolic Göbel mirror which suppresses the Kβ
radiation and provides a near-parallel beam in vertical direction. The resulting beam an-
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(a) Annealing chamber. (b) XANES measurement setup.
Figure 3.4.1: DELTA XANES setup and annealing chamber.
gular divergence at the sample is below 0.01◦. The used setup delivers a direct X-ray beam
intensity up to ∼ 108 cps (for 40 kV/40 mA) with an energy resolution of ∆λ/λ < 10−2.
The D5005 instrument is a θ − 2θ diffractometer (fixed tube) equipped with a four-circle
goniometer which allows sample variations of height z, the incident angle θ, the azimuth
angle φ and the tilt angle χ due to the presence of a 1/2 circle Eulerian cradle. The
scattered beam is measured with a scintillator detector introducing suitable filters for at-
tenuators if necessary. The final angular resolution was achieved by a set of slits in front of
the detector aperture. For XRR the angular resolution is ∆(2θ) ≈ 0.06◦ and for GIXRD
geometry ∆(2θ) ≈ 0.12◦. Some measurements are performed with the D5000 diffractome-
ter (which is of θ−θ configuration) with a similar setup, but due to missing Eulerian cradle
only scattering in co-planar geometry is accessible.
All presented XANES measurements were performed at the materials science beamline
BL8 [106] at the 1.5 GeV synchrotron radiation source DELTA, TU Dortmund, Germany
in cooperation with Dr. rer. nat. Christoph J. Sahle who was responsible for the XANES
setup and the data evaluation. The DELTA storage ring usually operates at an injection
current of 120 mA and has a life-time of about 8 − 10 h. The beamline was designed
for X-ray absorption spectroscopy, diffraction measurements and surface-sensitive X-ray
reflectivity experiments in the energy range between 1 keV and 25 keV, making use of
the intense radiation emitted by a liquid-helium cooled superconducting wiggler. For this
purpose, three different pairs of monochromator crystals, namely Si(311), Si(111) and
YB66(400), are mounted in a complex triple monochromator. The endstation comprises a
six-axis diffractometer that is capable of carrying heavy loads related to non-ambient sam-
ple environments such as ultrahigh-vacuum systems, highpressure cells or liquid-helium
cryostats. XANES measurements were done with a slightly tilted sample (10◦) which is
illuminated by the incident X-rays (exit slit on right side in figure 3.4.1 (b)) and the fluores-
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cence yield is measured by a Canberra PIPS Si-pin diode detector (high intensity → good
statistics) on top of the sample together with two energy resolved Amptek detectors (low
intensity) to double-check the spectra for consistency. Alternately to the measurements
the samples can be annealed in a reducing Ar/H2 (7.5% H2) or an inert N2 atmosphere in
the shown oven (cf. figure 3.4.1 (a)).
In−situ X-ray scattering investigations were performed in the Material Research Hutch
(MRH) at the ROssendorf BeamLine (ROBL-CRG) located at bending magnet BM20 at
the ESRF (Grenoble, France). The layout of the optics is shown in figure 3.4.2 (a). The
basic elements are a fixed-exit double crystal monochromator (DCM) located between two
bendable long mirrors (1.2 m length), both with Si and Pt surface coatings. The X-ray
energy can be varied between 6 and 30 keV, the overall integrated flux is approximately
6 x 1011 cps (20 keV / 200 mA ring current). The Si(111) DCM provides an energy resolu-
tion of ∆λ/λ ∼ 10−4. The basic instrument of ROBL-MRH is a Huber diffractometer with
a closed Eulerian cradle which can be equipped with various processing chambers for depo-
sition (figure 3.4.2 (b)) and annealing (figure 3.4.2 (c)). The goniometer is designed for a
load up to 20 kg. All axes have an angular resolution of 0.001◦. The detector used in these
experiments is a high-load high-linearity scintillation detector (Bede ERD). The intensity
of the incident beam is monitored also by a scintillator detector which is used to normalize
the incident X-ray intensity over time. In all experiments within this work the incident
beam size was kept typically at (0.2 x 2) mm2 (H x V) for XRR and (0.4 x 6) mm2 for
XRD measurements. In front of the detector, located at about 70 cm from the goniometer
centre, interchangeable fixed slits or Soller collimators reduces the angular divergence of
the scattered X-ray beam to < 0.02◦ and < 0.04◦ for XRR and GIXRD measurements,
respectively.
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(a) Layout of ROBL X-ray optics.
(b) ROBL chamber with Be windows for X-ray
measurements
(c) Sampleholder (upper picture) of in-situ Beryl-
lium annealing dome (lower picture) at ROBL
[107].
Figure 3.4.2: ROBL optics, magnetron deposition chamber and annealing chamber.
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4.1 Rutherford backscattering spectrometry (RBS)
For the elemental depth distribution of thin films RBS [108] is a powerful tool. Within this
work the standard setup, sketched in figure 4.1.1 (a, upper part), was used. The samples
are irradiated by 1.7 MeV 4He+ ions from an electrostatic van de Graaff accelerator and the
He+ ions elastically backscattered from target atoms are analysed by an energy resolving
Si detector positioned under a scattering angle of θ = 170◦. The standard depth resolution
of elemental distribution is about 15 nm (normal incidence, detector resolution 14 keV)
and can be improved to below 10 nm by tilted beam incidence under an angle θ1 (figure
4.1.1 (a, bottom part)) which accordingly changes the exit angle relative to the sample
normal to θ2 = 180
◦ - θ + θ1 for co-planar geometry. Complete derivations and specifi-
cations for RBS analysis can be found in [109]. In the following some basic dependencies
and remarks with respect to the films investigated in this study will be summarized.
The energy of backscattered He ions is determined by elastic ion-nucleus collisions with
matrix atoms and an ion-path dependent electronic stopping power contribution. The
energy loss from elastic scattering of the incident He ion with a target atom (Zi, Mi) is
defined by the kinematic factor ki which describes the energy ratio of backscattered and
incident He ions
ki(Mi) ≡
Ei
E0
=
(√
M2i −M2He sin2 θ + MHe cos θ
MHe + Mi
)2
. (4.1.1)
ZHe = 2, MHe = 4 and θ are well-known specified, thus the scattering target atom (Mi)
can easily be identified by the energy loss ∆Ei = E0−Ei. If the elastic collision occurs in
a certain target depth z, electronic stopping along the path of incident and backscattered
He ions lead to a further energy loss, respectively a continuous peak downshift in the
RBS spectrum with increasing depth. The energy of backscattered He ions EB is finally
determined by
EB,i = ki(Mi) ·
(
E0 −
∫ z
cosθ1
0
(dE/dx)in dx
)
−
(∫ z
cosθ2
0
(dE/dx)out dx
)
(4.1.2)
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(a) The RBS setup with incident (θ1), reflected
(θ2), scattering (θ) and solid angle (∆Ω).
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(b) Stoichiometry analysis of a thin film via RBS:
Experimental, SimNRA simulation and simula-
tion with threefold thickness (dotted lines) for vi-
sualization of electronic stopping.
Figure 4.1.1: RBS setup, experiment and simulation.
where (dE/dx)in,out denote the stopping powers of He ions before and after collision,
respectively. Using the thin film approximation [(dE/dx) = const. 6= f(z)] the previous
mentioned equation simplifies to
EB,i = ki(θ)E0 −
(
ki(θ)
(dE/dx)in
cosθ1
+
(dE/dx)out
cosθ2
)
· z (4.1.3)
The final RBS spectrum shows a certain peak structure characterizing the film com-
position and depth distribution of individual elements i according to their peak position,
intensity and width, respectively. For films consisting of elements with neighboured atomic
numbers often an overlapping of several peaks is obtained which requires a careful spectrum
evaluation.
Integrating the backscattering yield Yi for certain peaks, RBS delivers the areal density
ni [at/cm
2] for the element i
ni =
Yi · cosθ1
Qinc · (dσi/dΩ) · ∆Ω
(4.1.4)
where Qinc, ∆Ω, and dσi/dΩ are the number of incident He ions, the detector solid angle
and the differential Rutherford scattering cross section, respectively.
For a uniform binary matrix AaBb the stoichiometry is easily given by the ratio of the
corresponding areal densities
a
b
=
nA
nB
=
YA
YB
·
dσB/dΩ
dσA/dΩ
(4.1.5)
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c-Ge a-Ge a-GeO a-GeO2 c-Si a-Si a-SiO a-SiO2
ρ (g/cm3) 5.35 5.17 4.40 3.65 2.33 2.21 2.13 2.19
n̂ (1022 at/cm3) 4.44 4.29 5.98 6.30 5.00 4.74 5.82 6.57
n̂Ge(GeOx)/Si(SiOx) = n̂Ge = n̂Ge 2.99 2.10 = n̂Si = n̂Si 2.91 2.19
Table 4.1.1: Used standard mass densities [110, 111, 112, 113, 114] and their corresponding
atomic volume densities n̂ of Ge, Si and some corresponding oxides. The elemental atomic
concentration n̂Ge(GeOx)/Si(SiOx) of the oxide with the stoichiometry x is determined by n̂/(x+1).
Noteworthy, the conversion of the measured areal densities ni into a corresponding film
thickness t requires the knowledge of the elemental atomic densities n̂i(AB) from tabulated
or estimated film density ρAB. By using the molecular weights MAB = a · MA + b · MB
and Avogadro’s number NA
n̂A(AB) =
aρABNA
MAB
; n̂B(AB) =
bρABNA
MAB
(4.1.6)
and the film thickness is finally given by
t =
nA
n̂A(AB)
=
nB
n̂B(AB)
=
nA + nB
n̂AB
. (4.1.7)
The standard mass density ρi, respectively atomic volume density n̂i values for the films
investigated in this work are listed in table 4.1.1. As the mass density of sub-stoichiometric
GeOx films (x < 2) vary with x, it is often useful to use the equivalent thickness tGe which
converts the measured Ge areal density nGe of the dielectric film into a corresponding
elemental film thickness tGe = nGe / n̂Ge. As the silica separation layers in GeOx/SiOx
MLs have a composition close to x = 2, for that case the physical SiO2 thicknesses will be
used. Combining the areal density ni measured by RBS and the film thickness derived from
XRR (and partly TEM), the mass density (respectively atomic concentration) of GeOx for
all x values can be determined (see chapter 5).
All experimental RBS spectra were fitted with the SimNRA code [115]. The calculation
of film stoichiometry requires an accurate determination of the oxygen areal density nO.
For that reason, instead of the common used Si, glassy carbon substrates (Sigradur K®
[116]) were used for calibration purposes to avoid the overlapping of the Si and O signals
with the substrate yield.. Under this condition, the areal densities ni and the stoichiometry
value x can be determined precisely with and error of 3% and x · 6%, respectively.
As an example, the RBS spectrum with the well separated Ge, Si and O signals of a
Ge-Si-O thin layer (thickness: 140 nm) deposited on a carbon substrate is shown in figure
4.1.1 (b). In the case of ML stacks, sublayers (≤ 5 nm) cannot be resolved even if the
incident angle is enlarged up to 70◦. However, the GeOx stoichiometry can be derived very
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easily assuming that the Si is completely saturated with oxygen (i.e. SiO2 with oxidation
state 4+). Accordingly, the oxygen is shared between SiO2 and GeOx and the stoichiometry
value x is determined by the various areal densities
x =
nO − 2nSi
nGe
(4.1.8)
Figure 4.1.1 (b) also shows a deviation of the fitting result from the experimental data
in the low energy region which is due to multiple scattering events in larger depths not
described correctly in SimNRA. As the focus of this study is related to analyse thin films on
top of a substrate this effect does not affect the accuracy of film depth profiling significantly.
4.2 Raman scattering
Inelastic light scattering in solids first described by C. V. Raman in 1928 [117] allows the
detection of lattice vibrations (phonons) in solids by an inelastic photon-phonon inter-
action, where incident monochromatic photons lose some discrete energy (energy gain is
possible but less probable). In the simple model of an atomic chain, vibrations perpendicu-
lar to the chain (transversal mode) or distance vibrations of the chain atoms (longitudinal
mode) can be excited. The involved energy balance (and the correlated energy momentum
dispersion relation) leads to the distinction between acoustic (low energy branch in Bril-
louin zone) and optical modes (high energy branch). For detailed information the reader
is referred to [118, 119].
In this thesis the focus is on the detection of amorphous and crystalline phases of Ge.
The spectra of a-Ge films, as well as single crystalline Ge and Si substrates acting as
reference systems are shown in figure 4.2.1 (a). The main tabulated Raman shifts of
elemental Si, Ge and a SiGe alloy are listed in table 4.2.1. The corresponding vitreous Ge
and Si dioxides (Raman shift: 420 and 450 cm−1) are usually not detectable in thin films
due to their low Raman cross sections.
For Raman analysis a Labram HR800 spectrometer from Jobin-Yvon-Horiba (F) equipped
with a green laser (532 nm, 20 mW) was used. The primary laser light is focused on the
sample via an microscope (magnification: 50x) leading to a local laser spot with a diameter
of about 6 µm. The laser power density was reduced via an absorber (1% transmission)
to 6 µW/µm2 in order to avoid local sample heating (∼ 5 cm−1 downshift of Ge/Si Peak
for T ∼ 300◦C [120, 121]) or local crystallization of amorphous films. The scattered light
was measured in reflection geometry with a grating monochromator (resolution 0.5 cm−1)
and a nitrogen-cooled Si CCD in the wave number region 100 - 600 cm−1 (Raman shifts
< 100 cm−1 not detectable with the used setup due to the overlap with the elastically
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(b) The phonon confinement effect leads to a down
shift and an increasing width of the crystalline Ge
peak [122].
Figure 4.2.1: Reference Raman spectra and effect on Raman signal for very small nanocrystals
scattered light).
The measured Raman spectra were evaluated with respect to the amorphous-crystalline
(a-c) phase transition and the quantification of amorphous and crystalline volume fractions.
For a Ge film consisting out of an arbitrary mixture of a-Ge and c-Ge, the crystalline volume
fraction Fc can be approximately estimated by
Fc =
Ic
Ic − (σc/σa)Ia
≡ Ic
Ic + yIa
≈ Ic
Ic + Ia
(4.2.1)
where Ic/a, σc/a denote the integrated intensities and the Raman scattering cross sec-
tions of c-Ge and a-Ge, respectively [123]. According to Bustarret et al. [124], for com-
pletely absorbing films, the factor y can be experimentally determined from the comparison
of a mixed phase spectrum (αa1, Ia1, αc1, Ic1) with a pure amorphous reference spectrum
(αa2, Ia2) to
y = 1 +
(
1− αa1Ia1 + αc1Ic1
αa2Ia2
)
·
1
Fc
(4.2.2)
with αa/c being the absorption coefficients for a-Ge and c-Ge, respectively. Coinciden-
tally, at the used Raman excitation wavelength (532 nm) both absorption coefficients αa
and αc are equal [125]. If the integrated intensity for the as-deposited and the annealed
samples is constant: Ia2 ≈ Ic1 + Ia1, y becomes close to unity and the Fc simplifies to an
intensity ratio (cf. last term in equation 4.2.1) which can be directly extracted from the
measured Raman spectrum.
The description so far does not consider the influence of small particle size on the Raman
peaks. As shown by several studies (e.g. [122, 129]), phonon confinement for Ge NCs with
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a-Ge c-Ge a-SiGe3 a-Si c-Si
TA LA LO TO TO=LO TO TO TO=LO
80 177 230 278 300.7 350 480 520.2
Table 4.2.1: First order Raman shift of used materials (cm−1) [126, 127, 128]
a size < 20 nm leads to a Raman peak downshift and a peak broadening which is illustrated
in figure 4.2.1 (b). To a certain extend this effect can be used to estimate Ge NC sizes
between 2 - 5 nm. In addition, as the large fraction of NCs surface atoms contribute to
the amorphous signal [123], the calculation of the crystalline volume fraction according
equation 4.2.1 must be corrected by this effect giving
Fc ≈
Icorc
Ic + Ia
with Icorc =
(
1− Ns
Nt
)
· Ic (4.2.3)
where Ns/t are the surface and total number of NC atoms, respectively (cf. figure 2.3.6).
No correction is necessary for the denominator as the sum of a-Ge and c-Ge intensities
remains constant. The correction factor in equation 4.2.3 assumes that the lattice vibra-
tions between the atoms within the surface unit cells of the Ge NCs completely contribute
to the a-Ge Raman signal. This model fits well with the observation that the Raman
spectrum for very small Ge NCs < 3 nm size continuously approaches the spectrum that
is characteristic for a-Ge [130]. The border case of the model hits at a Ge NC size of 1 nm
(Ns/Nt → 1 −→ Icorc = 0)) resulting in a complete amorphous-like spectrum.
4.3 (Grazing incidence) X-ray diffraction (GIXRD)
X-ray diffraction (XRD) is a well-established method to study the long-range order prop-
erties of crystalline materials (single-, poly- or nano-crystalline substances, epitaxial films
etc.) characterized by periodic pattern with dimensions in the order of the X-ray wave-
length (∼ Å). XRD allows to determine parameters like lattice distances, atomic ordering,
texture and orientation distributions or strain. Due to the large number of textbooks and
review articles (e.g. [131, 132] and references therein) only some very basic remarks with
respect to the present investigations are summarized here.
A schematic sketch of X-ray scattering setup is shown on figure 4.3.1. In a standard
diffraction experiment, the sample is illuminated with monochromatic X-rays of wavelength
λ under an incident angle Θi and the X-rays, elastically scattered by Thomson scattering
at the electrons of the matrix atoms, are counted in dependence on the detector angle Θo.
Depending on the values of Θi, Θo and the directions of the incident and scattered X-ray
waves, various diffraction modes can be distinguished. Important diffraction geometries
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Figure 4.3.1: X-ray scattering
setup.
are symmetrical / asymmetrical in co-planar or non-coplanar geometry. In general, access
is given in the direction of the scattering wave vector and the information is averaged over
the entire X-ray scattering volume.
Within the kinematical diffraction theory, the X-ray absorption in material is treated
separately from the dispersion leading to an exponentially decreased intensity with in-
creasing penetration depth. For asymmetrical diffraction geometry (Θi 6= Θo) the total
diffracted intensity I from a sample surface layer of depth t is given by
I = I0
sinΘisinΘo
µ(sinΘi + sinΘo)
[
1− exp
(
−µ · sinΘi + sinΘo
sinΘisinΘo
· t
)]
(4.3.1)
where I0 denotes the incident intensity and µ(E), respectively µ(λ) is the material specific
X-ray linear absorption coefficient. An important parameter is the penetration depth xe,
which is defined as the sample depth, at which the intensity is reduced by absorption to the
factor 1/e. From the equation 4.3.1 the corresponding penetration depth can be calculated
according
xe =
sinΘisinΘo
µ(sinΘi + sinΘo)
(4.3.2)
Figure 4.3.2 (a) shows the Ge and SiO2 penetration depth calculated as a function of
the scattering angle for GIXRD (parameter: incident angle) and for symmetrical geometry.
The penetration depth decreases with decreasing Θi and Θo which explains the high sensi-
tivity of scattering investigations performed under grazing incidence conditions compared
to symmetrical scattering conditions. Keeping Θi fixed at small angles, the penetration
depth varies only slightly with the scattering angle 2Θ and the information depth can be
tuned easily by the incident angle Θi (Θc ≤ Θi ≤ 2◦, Θc: Critical angle of total reflexion).
Considering co-planar geometry, this experimental setup is called grazing (or glancing)
incidence diffraction (GIXRD) which is the commonly used configuration in this work to
ensure high surface sensitivity and a good signal-to-background ratio (cf. figure 4.3.3).
The appearance of diffraction pattern itself is a result of interferences of X-ray waves
scattered at different lattice planes. Interference conditions are given within the longi-
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Figure 4.3.2: Penetration depth and Bragg condition.
tudinal (∼ λ2/2∆λ) or lateral (∼ λR/rs) coherence length, characterizing the spectral
and spatial purity of the X-ray beam. For laboratory equipment and locked-coupled scans
(Θi= Θo) the coherence length is in the order of 0.1 - 1 µm which can be enlarged by factor
20 for grazing incidence conditions and by factor 300 for synchrotron radiation of the same
wavelength [131]. In real space, the main diffraction equation (firstly proposed by W.L.
Bragg in 1912) can easily be derived from geometrical considerations: As shown in figure
4.3.2 (b) for the symmetrical case, the delay for two X-ray waves scattered at vicinal lattice
planes of distance d is 2δ = 2dsinΘ. Interference is possible if this delay 2δ is a multiple
of the wavelength nλ, and so called Bragg reflections will appear at corresponding Bragg
angles ΘB
2δ = 2dsinΘB = nλ (4.3.3)
Apart from this direct geometrical derivation of Bragg equation, a reciprocal lattice can
be introduced which is described in detail in references [132, 133]. By this method, lattice
planes in the reciprocal space are described by points identified by Miller indices (hkl). The
scattering constraint is a vector defined by the difference between incoming and outgoing
X-ray wave vector within the Ewald sphere. Within this formalism the distance of various
lattice planes in a cubic cell of lattice constant a is determined by
dhkl =
a√
h2 + k2 + l2
(4.3.4)
The Bragg equation is of universal validity with respect to the direction of the scattering
vector. For locked-coupled scans, the scattering vector is always perpendicular to the
surface and only lattice planes parallel to the surface are detected. Contrary, for grazing
37
4 Analytical methods
3 0 6 0 9 0
0
5
1 0
X-r
ay
 in
ten
sity
 (c
ps
)
++)"& & $Θ  
-()"%&+$Θ"
/
 *"%,$+"'&


			

/


&%

/
	&%


/

&%
!#$

*".
Figure 4.3.3: Background sub-
tracted GIXRD with Scherrer es-
timated Ge NC size (∼ 5 nm) of
a 50 x (GeOx∼1-SiO2) ML after
annealing.
incidence diffraction only lattice planes, inclined under an angle of (2Θ − Θi)/2 to the
surface result in diffraction peaks. Thus, for a detector scan (Θi fixed, Θo varied) the
scattering vector changes the direction and the appearing reflections from lattice planes
[hkl] indicate diffraction from different crystallites which are inclined to the sample surface.
The appearance of distinct Bragg peaks reflects the existence of a crystalline structure,
and quantitative Rietfeld refinement [134] can be applied to determine the structure pa-
rameter and the crystalline fraction of the matrix. But already a careful evaluation of
position, shape and width of Bragg reflections delivers significant information about the
crystallographic structure (phase), lattice parameters, crystal size and lattice distortions
(dislocations, impurities, stacking faults and surface relaxation). For (nano)crystals of 1 to
100 nm size the Scherrer equation from 1918 [135] allows the approximation of the crystal
size perpendicular to the diffracting lattice planes according
dNC =
kλ
∆(2Θ) · cos(ΘB)
(4.3.5)
where for small crystals with cubic lattice k = 0.94 [132]. Detailed analysis [136, 137] shows
that k (which may vary from 0.62 to 2.08) depends also on the crystal size (distribution),
shape and lattice plane. The peak shape and the corresponding full width at half maximum
intensity (FWHM(2Θ): ∆(2Θ)) of Bragg reflections is mainly a convolution of crystal size,
inhomogeneous strain and instrumental resolution. But, for very small Ge NCs of < 10 nm
size the broad Bragg peaks (∆(2ΘB) > 1.5
◦) are determined by the grain size and other
peak-broadening effects are of minor influence. In this case, simple Gaussian peak fitting
of FWHM values allows to derive reasonable values for the NCs size (cf. figure 4.3.3).
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4.4 X-ray reflectivity (XRR)
The specular (incident = exit angle) X-ray scattering at low angles enables the determi-
nation of the density, thickness and roughness of a thin layer of 2 nm to < 200 nm with
a very high accuracy [131]. Noteworthy, the upper level mainly depends on the angular
instrumental resolution. According to the law of refraction (Snell’s law), for isotropic films
the complex refractive index n respectively the dispersion δ can be calculated from the
critical angle Θc
n = 1− δ + iβ = cosΘc ∼= 1−
Θ2c
2
β<<δ−→ δ ≈ Θ
2
c
2
(4.4.1)
where Θc ≤ 1◦ reflects the transition from total reflecting to a penetrating X-ray wave.
Here, the absorption β is considered to be small compared to the dispersion δ which is valid
for X-ray energies above the absorption edge. Furthermore, the dispersion is a function of
the electron density ρe of the film which is equal to Zn̂ neglecting further influences of the
atomic form factor
δ =
r0λ
2
2π
ρe =
r0λ
2
2π
Zn̂ =
r0λ
2
2π
ZNA
M
ρ (4.4.2)
with r0 being the Bohr atom radius, ρe = Zn̂ = ZNA/M with Z, M , n̂ being the atomic
number, the molecular weight and the atomic volume density of the film material and
Avogadro’s number NA. For mixed films AaBb the reader is referred to the remarks given
in chapter 4.1. Finally, the mass density ρ of a thin film can be derived from the critical
angle Θc
ρ =
π
r0λ2
M
ZNA
Θ2c (4.4.3)
where Θc position can be taken from the measured reflectivity curve at the half of the
maximum intensity at low angles. The density error is approximately 0.5 % for a step
width ∆Θc = 0.001
◦.
Figure 4.4.1 shows XRR scans measured for a bulk Si wafer, a sputtered Ge layer
(60 nm a-Ge) and a (3 nm GeOx/3 nm SiO2) ML with 19 periods measured at ROBL
(λ = 1.078 Å). The Θc shift with increasing density from Si to Ge - marked by blue verti-
cal arrows - is clearly visible. Additionally a characteristic fringe for films appears which is
caused by the interference of reflected X-rays from the surface and interface(s) [138]. The
interference maxima (so called Kiessig fringes) distances, which are independent from the
film composition, can be used to derive film thickness t preferably at big Θ >> Θc but not
too big (if 90◦ >> Θ: sinΘ ≈ Θ) reflection angles.
t =
λ
2
(m− n)√
sin(Θ2m −Θ2c)−
√
sin(Θ2n −Θ2c)
−→ t = λ(m− n)
2(Θm −Θn)
(4.4.4)
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Figure 4.4.1: Experimental and
simulated XRR curves of a Si sub-
strate, a SL (60 nm Ge) and a ML
(19x(3 nm GeOx - 3 nm SiO2))
sample are shown.
The Kiessig fringes distance can be determined with a higher accuracy by using the
difference between several maxima orders. The thickness error is about 3% if the electron
density contrast between the film and the substrate is sufficiently high. For periodic MLs
besides the total thickness fringes additional strong ML peaks appear (see figure 4.4.1)
which allows to determine the ML period thickness in the same way. Within each ML
period distance, (n - 2) total thickness fringes are obtained (marked by green arrows).
As the third parameter XRR delivers also information about the surface and inter-
face roughness σ leading to a diffuse reflection. Following the model proposed by Nevot
and Croce [139], the roughness can be approximated by a Gaussian variation of the
layer thickness which is connected with an exponential decrease of reflected intensity
IR ∼ exp(d/2σ2).
The simulation of X-ray reflectivity is usually based of Fourier transformation and the
kinematic scattering theory. The used program code (RCRefSimW [140]) allows to simulate
single or ML films with respect to the thickness, density and surface / interface roughness.
As each layer has three fitting parameters (ρ, t, σ), often it is necessary to fix certain
parameters which are known or can be derived from alternative methods.
In figure 4.4.1 the fitting results of measured XRR scans are included by red lines which
matches the experimental data quite well. However a drawback of RCRefSimW is that a
specific distribution function cannot be included which is necessary e.g. for the description
of ML with a vertical thickness gradient or with a correlated roughness (laterally waving
layers with good interlayer correlation). Experimentally, in such cases an increased ML
peak width is obtained which cannot be fitted by RCRefSimW in an adequate manner.
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4.5 X-ray absorption near edge structure (XANES)
The acronym XANES was first introduced by Bianconi in 1980 [141] when synchrotron
sources provided the necessary energy resolution for the detailed near absorption edge
analysis. For XANES the total fluorescence yield is measured in dependence of the inci-
dent X-ray energy which is scanned around an absorption edge in contrast to extended
X-ray absorption fine structure (EXAFS) measurements (not investigated in this thesis)
where the oscillations above the XANES region are analyzed. At the absorption edge
X-ray-electron interaction excites an electron to an higher shell/level which is correlated
with fluorescence emission when electron returns to the initial state. Using quantum me-
chanics the flourescence radiation can be described by a propagating spherical wave which
is scattered at the atomic potential of the neighbors and interferes with itself. The resulting
interference pattern depends on the atomic distances, number of neighbors and the specific
arrangement, thus allows one to probe the chemical environment of the photon-emitting
atoms.
All presented XANES measurements were performed at the Ge K-edge (EK = 11103 eV)
to track the temperature induced Ge-O phase separation via changes in the sub-oxide
(i.e. Ge(Ge4−nOn) with n = 1-3, [142]) content and coordination (see chapter 6 and 7). The
different XANES contributions from Ge, GeO2 and sub-oxides can be well distinguished
(e.g. K-edge shift of 5.5 eV between Ge and GeO2). The reference spectra of amorphous
Ge and GeO2 are characterised by the following peaks at energies with respect to the Ge K-
edge position: EK ,Ge = 3.4 eV and EK ,GeO2 = 7.4 eV (GeO2 white line). A superposition
of only Ge and GeO2 contributions results in a bimodal spectrum with one peak at the
Ge and another peak at the GeO2 position, or - depending on the Ge/GeO2 ratio - to
an intense peak at the position of the major constituent with a shoulder from the minor
contributor. Spectral weight of Ge sub-oxides contributes to the spectra between the Ge
and GeO2 peak positions. Changes of the GeO2 and Ge fractions, e.g. due to the reduction
of sub-oxides or oxidation, lead to a down- or upshift of the measured peak (or shoulder)
position or a decreased slope at the Ge K-edge, respectively.
Thermally stimulated phase separation of GeOx or GexSiyOz films or MLs by XANES has
been investigated as follows: The XANES spectra were recorded by scanning the incident
energy across the Ge K-edge between 11043 and 11183 eV and measuring the fluorescence
yield by a Canberra PIPS Si-pin diode. After each annealing step several XANES spectra
were recorded, checked for consistency, and summed up. For data evaluation the spectra
were normalized to the integrated intensity in the near-edge region between 11098 eV and
11123 eV. As reference samples 40 nm thick amorphous Ge and GeO2 films on Si substrates
were used.
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Figure 4.5.1: XANES refer-
ence spectra of Ge and GeO2 in
the vicinity of the Ge K-edge.
Additionally a randomly mixed
GeO film and a superposition of
Ge:GeO2 = 1:1 (equivalent to phase
separated film) is shown. Normal-
ization area of total fluorescence
yield: -8...15 eV
For the detailed analysis of phase separations a very convenient way is to fit the measured
spectra (I(E, T )meas) with a weighted sum of the reference spectra (I(E)Ge, I(E)GeO2) as
shown in figure 4.5.1. In this way the elemental Ge fraction (”Ge”) in a Ge-O system
(accounted components: Ge and GeO2) can be determined:
I(E, T )meas = ”Ge” · I(E)Ge + (1− ”Ge”) · I(E)GeO2 (4.5.1)
In the case of the analysis of the temperature dependent Ge-O phase separations there
are existing sub-oxides (blue line in figure 4.5.1) which can not be described by a sum of
the native reference spectra (red line in figure 4.5.1). Their amount can be determined
by subtracting the weighted native reference spectra from the measured spectrum. Via
integration of the absolute difference between superposition and experimental curve a
temperature dependent process parameter A(T ) can be introduced which allows to track
the phase separation.
A(T ) =
∫ E2
E1
|I(E, T )meas − I(E)native| dE (4.5.2)
where the integration is performed across the Ge K-edge from E1 = 11,098 keV to
E2 = 11,123 keV. The phase separation is finished when the integrated absolute differ-
ence becomes negligible.
4.6 Transmission electron microscopy (TEM)
Cross sections of the ML samples were analyzed by TEM to characterize the film mor-
phology. For these investigations a FEI Titan 80-300 microscope operating at 300 kV was
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(a) Bottom: 16 x (3 nm GeOx→0 - 3.5 nm SiO2)
ML, top: glue.
(b) HR mode of a Ge NC in a silca matrix.
Figure 4.6.1: TEM images of a ML and a Ge NC in low and high resolution mode.
used. 4 x 5 mm2 sample pieces were glued face to face, then mechanically thinned and
subsequently ion milled (1 keV Ar ions under an incident angle of 4◦) until the formation of
an hole in the center of the lamella. The TEM lamella thickness varies from the center to
the peripheries from ∼ 50 nm to several 100 nm enabling the transmission of the electron
beam.
The mass density contrast between Si, Ge respectively their oxides allow to resolve ultra
thin layered structures down to 1 nm (cf. figure 4.6.1 (a)), whereas the diffraction contrast
delivers detailed information about the size, shape and phase of single Ge NCs in the
samples. The TEM images were taken on the thinnest possible TEM lamella position but
still the lamella thickness is at least one magnitude of order thicker than the Ge NC size.
This leads to a superposition of NCs in depth which makes it difficult to determine the Ge
NCs density respectively an intercluster distance. The lattice planes of the Ge NCs were
well imaged in the high-resolution (HR) mode (magnification: 300,000 - 1,250,000) for Ge
NCs with a size > 2 nm (resolution limit: 1.2 nm [143]) (figure 4.6.1 (b)). In addition
the selected area electron diffraction mode (SAED) with a aperture diameter of 100 nm
was used to reveal crystallinity and the Ge NC orientation distribution averaged across
the aperture related sample region.
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5.1 Deposition rate and film stoichiometry investigations
The basic deposition parameters, like deposition rate and film composition, were deter-
mined for single GeOx and SiOx films (0 ≤ x ≤ 2) of 30 - 100 nm thickness. Elemental
films (x = 0) were sputtered with Ar ions, whereas an Ar/O2 mixture with precisely con-
trolled oxygen partial pressure ppO2 was applied for the reactive deposition of GeOx and
SiOx films. The total operating pressure was kept constant at 500 mPa. Most of the films
were deposited onto glassy carbon substrates (Sigradur K® [116]) to ensure the precise
determination of the oxygen content, respectively the stoichiometry, and the deposition
rates by RBS.
As shown in figure 5.1.1 (a), the equivalent deposition rate of elemental films linearly
scales with the magnetron power and is about 3.5 times higher for Ge compared to Si
[104, 105]. This is in good agreement with the sputter yield ratio of YGe/YSi = 2.7
(cf . table 3.2.1) calculated by TRIDYN keeping in mind the narrower angular distribution
of sputtered Ge atoms. Figure 5.1.1 (b) reveals that for ppO2 < 25 mPa the equivalent
deposition rates DGe, DSi remain independent of the oxygen partial pressure. The total
error of DSi,Ge is 10%, only for DSi at 150 W an enlarged error is obtained due to plasma
arc instabilities. The constant equivalent deposition rate confirms the suppression of oxy-
gen target poisoning (see chapter 3.2) for all relevant magnetron power and oxygen partial
pressure values. Keeping ppO2 fixed the Ge- or Si- content in GeOx, SiOx films increases
with magnetron power (see figures 5.1.1 (c) and (d)) which reflects a constant sticking rate
of oxygen. Remarkably, for equal equivalent deposition rates DGe, DSi the formation of
stoichiometric SiO2 films occurs at considerable lower ppO2 values compared to GeO2 which
is caused by the higher oxygen sticking cofficient of Si [144, 145, 146, 147]. This effect is
of most practical relevance for ML deposition: As shown in figure 5.1.2, within a certain
ppO2 process window the fabrication of GeOx/SiO2 (0 ≤ x ≤ 2) and Ge:SiOx/SiO2 (x ∼ 2)
MLs becomes possible without changing the oxygen partial pressure during sequential
deposition. Details will be discussed in chapters 6 and 7.
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(a) Deposition rate of elemental Ge and Si films.
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(b) Equivalent deposition rate of reactively grown
GeOx (top) and SiOx (bottom) films.
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(c) Stoichiometry of single SiOx films.
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(d) Stoichiometry of single GeOx films.
Figure 5.1.1: Deposition rate and stoichiometry in dependence of the magnetron power and
the oxygen partial pressure (TD = RT). The lines are included only to guide the eye.
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Figure 5.1.2: Oxide stoichiome-
try as a function of ppO2 for mag-
netron powers of 5 W (Ge) and
20 W (Si) (TD = RT). In the
dashed regions sequential sputter-
ing of GeOx/SiO2 (brown) and
Ge:SiOx/SiO2 (red) MLs is possible
without changing the oxygen par-
tial pressure during deposition.
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(b) Influence on equivalent deposition rate DGe.
Figure 5.1.3: GeOx stoichiometry and equivalent deposition rate vs. oxygen partial pressure
and deposition temperature determined for GeOx/SiO2 MLs (PGe/Si = 5/20 W). GeO emanation
occurs at higher temperatures ∼ 400◦C.
In addition to the oxygen partial pressure, both the GeOx stoichiometry and the equiva-
lent deposition rate are expected to depend also on the deposition temperature TD. Thus,
GeOx/SiO2 ML stacks (19 periods, DGe = 2 nm, DSiO2 = 3 nm) were deposited on glassy
carbon substrates at different temperatures (RT ≤ TD ≤ 400◦C) to select an appropriate
deposition temperature range. In any case, for fixed deposition parameters (power, ppO2)
an increasing TD leads to a lower oxygen content (i.e. lower stoichiometry value x) in the
film (see figure 5.1.3 (a)). However, for TD ≤ 200◦C the amount of deposited Ge remains
constant, whereas e.g. for TD = 400
◦C, ppO2 = 14 mPa the equivalent Ge deposition rate
is only 20% compared to a RT deposition (figure 5.1.3 (b)). These dependencies indicate
the influence of at least two effects. For TD ≤ 200◦C and low ppO2 values, the dominat-
ing effect is the temperature dependence of the sticking coefficient for physio-adsorption
∼ exp(-Ea/RT ) (Ea: Activation energy per mol and R: Gas constant) [148, 149] leading
to Ge enriched films due to less oxygen incorporation. In addition, for TD > 200
◦C the
formation of volatile GeO causes a Ge loss [150, 151] which reduces the equivalent depo-
sition rate DGe. With increasing ppO2, DGe approaches to the higher RT value because
of the formation of stable, non-volatile GeO2 becomes preferred. Accordingly, ML stacks
were preferably deposited at 200◦C to avoid GeO emanation. In addition, compared to RT
deposition, this temperature results in a better ML interface quality (lower roughness) due
to enhanced adatom mobility. But, as GeO emanation can be also relevant from oxygen
moisture in the annealing ambient during subsequent annealing procedures, the MLs were
usually covered with a SiO2 top layer of several 10 nm thickness. From the investigations
described before, a set of parameters was selected as ”standard” values used for the depo-
sition of MLs (if not otherwise specified):
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- Magnetron power: PSi = 20 W; PGe = 5 W (constant power mode),
- Deposition temperature TD = 200
◦C,
- Total pressure: 500 mPa,
- Oxygen partial pressure = f(GeOx stoichiometry): 5 - 40 mPa,
- Base pressure: ∼ 0.02 mPa,
which result in typical equivalent deposition rates of (0.22 ± 0.04) nm/s for both, Si and
Ge. The assumption of fully stoichiometric SiOx=2 separation layers in GeOx/SiO2 MLs -
needed for the the determination of the GeOx stoichiometry from RBS - seems to be valid
for RT ≤ TD ≤ 200◦C and a wide stoichiometry range (0.3 ≤ x ≤ 2.3) as shown in the
following section.
5.2 Stoichiometry dependent properties of GeOx/SiO2
multilayers
In the previous section the basic film properties have been derived for single films and
MLs with large silica separation layer thickness. Here, the influence of ppO2 on the film
properties for (GeOx/SiO2) ML stacks which may be relevant for PV applications will be
considered. Such MLs are characterized by (i) a GeOx thickness of < 8 nm to enable Ge NC
bandgap engineering, (ii) a high Ge content and a large number of MLs to ensure efficient
light absorption (total ML thickness > 250 nm), and (iii) ultra-thin SiO2 sublayers suitable
for direct charge tunnelling. Furthermore the substrate was changed from Sigradur K® to
Si wafers in order to allow X-ray and Raman analysis - RBS measurements are possible
as well, but higher counting times had to be used to determine the oxygen peak on top of
the Si wafer peak with a high accuracy (compare figures 4.1.1 (b) and 5.2.1 (a)).
Exemplarily, in the following the analysis of an as-deposited (GeOx/SiO2)50x ML se-
ries with a constant equivalent Ge thickness tGe ∼ 4 nm and ultra-thin silica separation
thickness tSiO2 ∼ 1 nm deposited at Si substrates at TD = 200◦C is presented in detail -
consecutively one sample of the series was selected for stepwise annealing (cf. chapter 6.4).
Different stoichiometries were realized by the variation of ppO2 (respectively the oxygen
flow) while keeping the deposition time fixed. Each ML stack is finally capped with a
SiO2 film of about 30 nm. The uniform equivalent Ge thickness was chosen to deliver an
invariant Ge scattering volume for a better comparison and calibration of the GIXRD,
Raman and RBS spectra. Accordingly, depending on ppO2 not only the the stoichiometry
value x but also the GeOx sublayer thickness increases from Ge to GeO2 by the factor of
about 2.
The RBS spectra and corresponding fits of the complete ML series are plotted in
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(b) The XRR ML peak positions and distances
enable the calculation of the ML period thickness.
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FWHM with increasing x due to increasing a-Ge
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(f) CS and HR TEM images of the native sample.
The GeOx sublayers (dark grey) are distinctly sep-
arated by ultra-thin SiO2 layers (light grey).
Figure 5.2.1: Analysis of GeOx/SiO2 ML series reveals a constant equivalent Ge thickness, a
decreasing GeOx thickness and an increasing a-Ge cluster size with decreasing x.
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figure 5.2.1 (a). The invariant equivalent Ge thickness leads to a constant Ge peak area,
but the height decreases and the width increases with increasing oxygen content in the
film. The increasing oxygen content corresponds to a decreasing Ge atomic density and
an increasing GeOx sublayer thickness. The advancing Ge oxidation (x = 0.3 → 2.3) is
directly tracked via the increasing oxygen peak area obtained between 350 and 650 keV.
The Si peak from the capping layer is centred at 950 keV and remains almost constant,
which confirms the formation of stoichiometric SiO2 for all samples within the ppO2 range
used in this study. Only in a magnification (not shown here) the very low and broad Si
peak from the silica separation layers becomes visible. The calculated stoichiometry value
x range up to 2.3 (oxygen excess of 10%) presumably by additional oxygen incorporation
in the ML due to the loose stacking of the atoms during deposition and enhanced oxygen
sticking during shutter breaks (2 s between each sublayer deposition).
The XRR measurements in figure 5.2.1 (b) clearly show ML period peaks of several
orders whereas the scattering angle position of 1st ML peak and the ML peak distances
increase with decreasing x, thus decreasing GeOx thickness (cf. XRR methods 4.4). The
top silica capping layer of 30 nm leads to characteristic fringes close to the critical angle.
The interface roughness has been simulated to be approx. 0.6 nm for x = 1 and 0.8 in
average.
It is well known that the mass density (respectively atomic density) of thin films strongly
depends on the deposition method and its parameters like temperature, gas pressure, film
composition etc. Usually, this density has to be determined experimentally, as in particular
for sub-stoichiometric oxide films no reference data are available. For the films investigated
here, the two corresponding data sets from RBS and XRR enables the calculation of
the GeOx mass density ρGeOx as a function of the stoichiometry using to the following
relationship
ρGeOx =
nGe
tGeOx
MGe + xMO
NA(1 + x)
=
nGe
tML − tSiO2
MGe + xMO
NA(1 + x)
(5.2.1)
where nGe and x are known from RBS, tML from XRR and NA = 6.023x10
23 at/mol is
Avogadro’s constant. The tSiO2 value for the ML is based on the experimental mass density
extracted from a sputtered SiO2 reference sample (ρexp / ρtheo = 1.08). As the top oxide
layer mass density and thickness is invariant within an error of 10% for 0.3 ≤ x ≤ 2.3,
it can be concluded that the SiO2 separation and top layers are fully oxidized in the
analysed stoichiometry range. Following this routine, the GeOx mass density as a function
of sublayer composition is plotted in figure 5.2.1 (c) together with the standard values for
x = 0, 1 and 2. The interpolation of the tabulated values is marked by a dashed line to
guide the eye. The experimental data match quite well the interpolated line for the lowest
x values. For x > 0.5 the films exhibit a distinct lower density compared to the tabulated
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values, but in general the deviation over the whole stoichiometry range is < 7% which is
a reasonable value.
Raman spectra shown in figure 5.2.1 (d) also exhibit remarkable differences depending
on the film composition. First, differences in light absorption are clearly visible which are
indicated by the intensity of the Si signals at 520 cm−1 from the crystalline substrate.
As expected, this peak becomes suppressed as the GeOx sublayer composition approaches
to elemental Ge. Second, the a-Ge TO-mode shows a decreasing peak width (FWHM)
with decreasing x which can be explained by extended amorphous Ge regions (a-Ge) for
samples with lower x which is confirmed by an increasing integrated peak area. For x = 2.3
the a-Ge signal completely disappears which confirms the negligible fraction of remaining
Ge-Ge bonds. The increased volume fraction of a-Ge after deposition for samples with low
x is proven by the narrowing and increasing of the a-Ge peak obtained in GIXRD spectra
(figure 5.2.1 (e)) as well. For x = 0.3 the near-order a-Ge peak form the ML agrees well
with the Ge signal of a 40 nm thick a-Ge film acting as a reference sample. For x = 2.3 no
amorphous peak is visible but additional peaks reveal the formation of crystalline GeO2.
Of particular interest are films with x ∼ 1 as for GeO a high density of well-separated
Ge NCs can be expected after phase separation and subsequent solid phase crystallization.
Thus, this sample has been selected for stepwise annealing (cf. chapter 6.4) and TEM
analysis - the corresponding cross-sectional image is shown in figure 5.2.1 (f). The image
clearly confirms the good quality of the sputtered Si-Ge-O ML stack. The GeOx layers
(= 5.0 nm) are well separated by ultra-thin (= 1.3 nm) SiO2 separation layers throughout
the whole ML stack. The GeOx and SiO2 layers are well correlated to each other, but to-
wards the surface the ML starts to exhibit an undulation with a wavelength of about 20 nm.
The reason is not yet clear (film stress might be of influence) but this behaviour explains
the relatively high interface roughness of 0.6 nm and the ML peak broadening obtained in
XRR. Noteworthy this effect does not influence the confinement of the GeOx layers. No
lattice fringes have been obtained in high-resolution TEM (inset in figure 5.2.1 (e)), thus
the films are amorphous and Ge NCs do not exist in the GeOx sublayers after deposition.
In summary, this chapter has shown the feasibility of using reactive dc magnetron sput-
tering for the deposition of well-organized GeOx/SiO2 MLs with a total thickness of several
100 nm, which are characterized by the possibility to vary the GeOx stoichiometry in a
wide range and to realize SiO2 separation layers down to 1.5 nm or even below.
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5.3 Lateral intercluster distance of the Ge nanocrystals in
multilayers
After subsequent annealing of MLs size-confined Ge NCs evolve within the initial GeOx
sublayers, as will be shown in chapters 6 and 7. For the use of stacked Ge NCs in PV,
the light induced carriers have to be separated and collected in an internal field across
several barriers at the contacts. Common Si solar cells deliver a typical current density
of about 20-30 mA/cm2 (AM 1.5 conditions) with an open circuit voltage of about 0.8 V.
To enable such a current density through a single SiO2 barrier by direct tunnelling, an
oxide thickness ≤ 1.8 nm is necessary as shown for a Al-SiO2-Si structure (electron/hole
current density: 80/20 mA/cm2 at 1 V) in ref. [152]. Such a simple M-O-S (Metal-
Oxide-Semiconductor) structure marks the ideal case for the current transport, whereas
in the stacked Ge NC systems a significant lower current density is expected. There are
several effects that hinder the charge transport: multiple barriers in the ML, a variation of
intercluster distances, recombination and trapping at defects etc. Anyway, the vertical and
lateral intercluster NC distances should be as small as possible to enable effective direct
tunnelling. Thus an intercluster distance ≤ 2 nm seems to be a reasonable goal.
In GeOx/SiO2 MLs the vertical separation between the GeOx layers can be widely tuned
by the thickness of the interjacent SiO2 films which confines the vertical intercluster dis-
tance of the Ge NCs after phase separation and crystallization.
The lateral intercluster distance may be also important for tunneling, because lateral
next-neighbour carrier tunnelling could act as an intermediate step for the charge transfer
if vertical distances become too large due to inhomogeneous Ge NCs stacking. In contrast
to the tuneable vertical intercluster distance, the lateral intercluster distance between the
Ge NCs depends mainly on the stoichiometry value x of the matrix and the NCs size.
The situation for a GeOx/SiO2 ML should be firstly considered. The model depicted
in figure 5.3.1 (a) shows the top view of an single GeOx sublayer, after phase separation
and Ge NCs formation. The layer contains regularly distributed cubic NCs of uniform
size. The framed area as the smallest translation-periodic unit is used as a basic cell to
determine the intercluster distance dM under following assumptions: (i) negligible Ge loss,
(ii) uniform values of GeOx thickness and Ge NCs size and (iii) complete phase separation
without any residual Ge sub-oxides, i.e. GeOx → Ge + GeO2. Then, the volume ratio
VM/VNC within the unit cell is determined by simple geometrical considerations according
VM
VNC
=
2 · d2NC · dM + dNC · d2M
d3NC
(5.3.1)
where VM = VGeO2 and VNC denote the volume elements of the matrix (GeO2) and the NC
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(a) Model of GeOx layer after cubic and layer-
filling Ge NC formation with lateral GeO2 matrix.
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Figure 5.3.1: Model and calculation of lateral intercluster distance of the size-confined Ge NCs
in two different ML systems with GeO2 or SiO2 as lateral matrix component.
(Ge). In addition, due to conservation of the amount of Ge and O atoms (NGe, NO) in
the film during phase separation, the volume ratio is also an unique function of the GeOx
stoichiometry value x
VM
VNC
=
n̂Ge
n̂Ge(GeO2)
·
NGe(GeO2)
NGe
=
n̂Ge
n̂Ge(GeO2)
·
x
2− x
= 2.11 ·
x
2− x
(5.3.2)
where n̂Ge, n̂Ge(GeO2) are the Ge elemental atomic volume densities in Ge and GeO2, re-
spectively, whose ratio is 2.11 according to the values given in table 4.1.1.
The combination of both equations results in a quadratic relationship for dM , and with
the boundary condition dNC > 0 one gets
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dM =
(√
2.11 · x
2− x
+ 1− 1
)
· dNC (5.3.3)
The calculated values of dM as a function of the stoichiometry are plotted in figure 5.3.1 (b)
for dNC = 1 - 6 nm. The green line and arrow indicates the suitable stoichiometry range
for lateral tunnelling. Deviations from the model are expected for very small NCs (dNC
<< dM) or for Ge rich films with x << 1 where Ge NCs with preferred disc-like shape are
obtained (cf. section 6.3).
In the Ge:SiO2/SiO2 ML system (discussed in detail in chapter 7) annealing leads to
Ge NCs completely embedded in a silica matrix (see figure 5.3.1 (c)). The vertical NCs
distance is again tuneable by the SiO2 separation layer thickness, respective the deposition
time. The lateral intercluster distance dM between the Ge NCs is now determined by
the Ge:SiO2 layer thickness and the ratio of the deposition rates DSiO2/DGe. Considering
the same assumptions as for the previous case, the lateral intercluster distance dM can be
calculated in a very similar way giving
dM =
(√
DSiO2
DGe
+ 1− 1
)
· dNC (5.3.4)
where DSiO2 = (n̂Si/n̂Si(SiO2)) · DSi = 2.20 DSi is given by the ratio of atomic concentrations
of Si and Si in SiO2 and the Si equivalent deposition rate, respectively. The calculated
values for dNC = 1 - 6 nm are shown in figure 5.3.1 (d) together with a green line and
arrow indicating the favoured deposition rate ratio for each Ge:SiO2 sublayer thickness.
Assuming a desired intercluster distance ≤ 2 nm, the preceding estimations give a clear
relationship between the Ge containing sublayer stoichiometry and the NCs size. This
is used to choose proper deposition parameters with respect to oxygen partial pressure,
sublayer thickness and Ge to SiO2 ratio. For example, in GeOx/SiO2 MLs, the formation
of 2 - 6 nm Ge NCs requires a stoichiometry of x = 1 - 0.5, respectively.
Finally the volume fill factor FFNC of the Ge NCs is
FFNC ≡
VNC
VM + VNC
GeOx/SiO2−→ 2− x
2 + 1.11 · x
Ge:SiO2/SiO2−→ DGe
DSiO2 + DGe
(5.3.5)
which allows to calculate the areal density of Ge NCs in a GeOx (or Ge:SiO2) sublayer by
nNC =
FFNC
d2NC
−→ nNC(x = 1, dNC = 2) = 8 · 1012cm−2 (5.3.6)
The hereby obtained value agrees with the desired areal density of > 1012 cm−2 according
to chapter 1.
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GeOx/SiO2 multilayers
6.1 Phase separation in GeOx single layers and
GeOx/SiO2 multilayers
In this chapter, the thermally induced phase separation of room temperature deposited
GeO into Ge and GeO2, is studied by XANES at the Ge K-edge. Measurement and data
evaluation procedure is described more detailed in chapter 4.5. The phase separation
in very thin (∼ 5 nm) GeOx sublayers within 50x(GeOx - SiO2) MLs was investigated
in comparison with the recently revealed process in a GeO ”bulk” sample (i.e. films of
several µm thickness) [142]. Parallel a GeOx single layer (SL) with one magnitude of order
higher thisckness was investigated to bridge the gap between bulk materials and nanoscaled
films. Additional attention is drawn to the influence of hydrogen on the thermally induced
structural changes. Hydrogen has been reported to contribute to the formation of Ge
NCs in oxide matrices by reducing the Ge oxide matrix or enhancing the mobility of Ge
atoms in the corresponding material [153, 154, 155]. However, these mechanisms have been
proposed only for temperatures higher than 500◦C. In contrast only a little is known about
the influence of H2 at lower temperatures, i.e. in the early stages of phase separation.
A GeOx/SiO2 ML sample with 50 periods (each comprising a 5.2 nm thick GeOx and
a 1.5 nm thick SiO2 layer) as well as a 65 nm thick GeOx SL sample were prepared by
reactive dc magnetron with the substrate kept at room temperature. RBS revealed a GeOx
stoichiometry of x = 1 for the native ML and SL films. Both samples were capped with
a 30 nm thick SiO2 layer to prevent evaporation of volatile GeO. As reference samples
40 nm thick a-Ge and a-GeO2 films were used. The ML and SL samples were divided
into two pieces. One piece of each kind was consecutively annealed in an inert N2 and in
a reducing Ar/H2 (7.5% H2) atmosphere (the furnace was vacuum pumped prior to gas
inlet), respectively. The samples were annealed (cf. setup in figure 3.4.1 (a)) for 30 min
at temperatures between 150 and 500◦C (up to 550◦C for SL in Ar/H2).
XANES spectra of the ML and SL samples as recorded in their native state and after
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(a) ML annealed in N2.
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(b) SL annealed in N2.
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(c) ML annealed in Ar + H2.
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(d) SL annealed in Ar + H2.
Figure 6.1.1: Normalized XANES spectra of the native and stepwise annealed samples at the
Ge K-edge (EK = 11103 eV). The spectra of the a-Ge reference sample (cyan), a-GeO2 reference
sample (purple) and a 1:1 superposition of both (dashed, brown) are shown for comparison.
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Figure 6.1.2: A(T ) of the differ-
ent samples and annealing atmo-
spheres as well as the envelope for
bulk amorphous GeO (shaded area
in left side). Elemental Ge-fraction
of the Ge containing sublayers for
both MLs; data points circled in
black represent the Ge-fraction as
deduced from RBS measurements
(right side).
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each annealing step in an inert N2 atmosphere are shown in figure 6.1.1 (a) + (b). Both
samples show similar temperature dependence. The strong shoulder in the native samples
observed at E = 11,106 eV between the onset of the Ge K-edge in the a-Ge (11,103 eV) and
a-GeO2 (11,108.5 eV) reference samples systematically loses spectral weight with increas-
ing annealing temperature whereas the GeO2 white line intensity (11,111 eV) increases
simultaneously. For TA = 450
◦C the spectra of both the ML and SL samples match a
stoichiometric 1:1 superposition of the a-Ge and the a-GeO2 reference samples. This in-
dicates that the phase separation is almost finished as the spectra are dominated by Ge
and GeO2 contributions whereas the sub-oxide content is negligible [142]. Accordingly, the
mean stoichiometry in the GeOx films remains x ≈ 1 (as proven via RBS) during annealing
and the changes in the shape of the absorption edge until TA = 450
◦C reflect the phase
separation of Ge sub-oxides into Ge and GeO2. The relative amount of Ge sub-oxides can
be approximated by scaling down the stoichiometric 1:1 superposition curve until it un-
derlies the native curve. The area ratio between the integrated downscaled stoichiometric
1:1 superposition curve and the integrated native curve allows the determination of the
relative sub-oxide amount to be ≈ 10%.
XANES spectra of the SL and ML samples annealed in a reducing Ar/H2 atmosphere
are depicted in figure 6.1.1 (c) + (d). The temperature dependence of both samples is
similar to the results obtained for the samples annealed in an inert gas atmosphere but
already at TA = 350
◦C the spectra resemble a 1:1 stoichiometry of Ge and GeO2. For
TA > 400
◦C, in contrast to N2 annealing, a reduction of GeO2 due to hydrogen in the
annealing atmosphere is obtained. This is inferred by an increased intensity in the shoulder
at 11,106 eV accompanied by a slight shift in the absorption edge onset towards smaller
energies. Whereas the reduction is almost completed in the ML sample at TA = 500
◦C (ML
curve matches the cyan dashed scan from a-Ge reference film in figure 6.1.1 (c)) the GeOx
SL is still not fully reduced at TA = 550
◦C (XANES scan is emulated by the superposition
of Ge : GeO2 with 4:1). The averaged 4:1 XANES ratio agrees well the RBS findings of
a pure 22 nm Ge layer below the silica capping layer and a 45 nm GeOx≈1 layer below
both. This bi-layer morphology is confirmed by TEM imaging showing a high density of
Ge crystallites directly below the SiO2 capping layer (figure 6.1.1 (e)).
In order to analyze the temperature dependence of the phase separation in more detail,
the phase separation parameter A(T ) is calculated and plotted (cf. figure 6.1.2 (left side))
together with the envelope of A(T ) obtained for bulk a-GeO (gray shaded area, data taken
from [142]). Remarkably the phase separation of the N2 annealed SL and ML proceed
similar to the findings for bulk a-GeO (annealed in N2 too) between 250 and 450
◦C, thus
the layer thickness has no influence on the GeO phase separation process which is driven
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Figure 6.1.3: RBS spectra of SL/ML samples annealed at 500/550◦C in reducing atmosphere
(Ar/H2) in comparison to the native films.
by the rearrangement of oxygen among the sub-oxides as follows:
2 GeO→ GeO2 + Ge (6.1.1)
In an Ar/H2 atmosphere the phase separation starts at TA = 250
◦C too but is completed
already at TA = 350
◦C which is ≈ 100◦C lower than for the samples annealed in a non-
reducing atmosphere. Thus, a strong effect of hydrogen is observed not only at high
temperatures but also in the low-temperature region < 400◦C relevant for phase separation.
The shape of the XANES spectra excludes a change in stoichiometry up to TA = 400
◦C
which is confirmed by the negligible reduction of GeO2 in this temperature regime [156,
157]. Thus the shift in A(T ) towards lower temperatures for Ar/H2 annealing can only
be explained by the faster growth of Ge and GeO2 domains at the cost of sub-oxides. A
posible explanation is the formation of OH groups which increases the oxygen mobility
and thus foster the phase separation. The influence of hydrogen on the phase separation
(cf. above equation 6.1.1) might be described as follows,
1st step: 2GeO + H2 → 2Ge + 2OH, 2nd step: 2OH + 2GeO→ 2GeO2 + H2 (6.1.2)
where the OH group act as a catalyst for the exothermic [158] phase separation. For
TA > 400
◦C the reduction of GeO2 starts [156] and the gaseous water leaves the sample:
GeO2 + 2 H2 → Ge + 2 H2O(g)↗ (6.1.3)
As for TA > 400
◦C the stoichiometry of the samples annealed in Ar/H2 changes the A(T ) is
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no longer a representative measure. Instead, a weighted sum of the spectra of the a-Ge and
a-GeO2 reference samples are used to refine the XANES spectra where the weights yield
the Ge- and GeO2-fractions contained in the sample. The results of this fitting procedure
are plotted in figure 6.1.2 (right side) and show the reduction of GeO2 for temperatures
above 400◦C in Ar/H2 annealing gas. The reduction in the ML proceeds much faster than
in the SL and is almost completed at TA = 500
◦C yielding nearly elemental Ge sublayers.
In opposite the samples annealed in N2 show an almost constant Ge-fraction up to the
final TA of 500
◦C.
The RBS analysis confirms an unchanged stoichiometry factor of x ∼ 1 for the samples
annealed in N2 (not shown here) compared to the native samples. The annealing in Ar/H2
leads to a drastically reduced ML GeOx stoichiometry value of x = 0.17 as was determined
from the strongly reduced oxygen peak after annealing (located between 400 and 700 keV
in figure 6.1.3 (a)). The RBS graph of the reducing ambient annealed SL shows an oxygen
double peak (at ∼ 600 keV in figure 6.1.3 (b)) which suggests an oxygen poor film (fit
result: 22 nm GeOx<<1) between two oxygen rich films (silica cover layer and conserved
stoichiometry at the bottom). Thus, RBS spectra confirm the interpretation of the XANES
results.
6.2 Crystallization in GeOx single layers and GeOx/SiO2
multilayers
As shown in the previous chapter phase separation is finished prior to Ge NC formation
as described in the two step process below [142].
1st step: 2 GeO→ GeO2 + a-Ge, 2nd step: a-Ge→ c-Ge (6.2.1)
In the native state only amorphous Ge cluster are present (cf. GIXRD spectra in
figure 6.2.1 (a)) and the samples exhibit a well defined ML structure (3 XRR ML peaks
visible in figure 6.2.1 (b)). After final annealing, Ge NCs have formed in all samples. For
the SL a mean NC size of 15 nm, estimated from the Scherrer equation, was observed for
both annealing conditions. The TEM images of the SL samples confirm the formation of
Ge NCs and show an increased Ge NC density close to the sample surface when using
an Ar/H2 atmosphere (see figure 6.2.1 (c)). In contrast, the size of the NCs of the ML
sample is limited by the former GeOx sublayer thickness and was found to be 6.5 nm and
4.8 nm for the sample annealed (500◦C) in N2 and Ar/H2, respectively. XRR spectra
recorded after annealing (figure 6.2.1 (b)) reveal that the ML structure is preserved when
annealed under N2 but the average GeOx sublayer thickness is reduced when H2 is present
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(a) All native samples are amorphous in GIXRD.
The Ge NC size in the ML is smaller with reducing
annealing gas, while for the SL both annealing
ambients lead to the same crystal size.
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(b) XRR reveals thickness decrease in the ML pe-
riod (upshift of ML peak) and increased density
in the SL surface (upshift of critical angle) via the
reducing annealing gas.
(c) TEM images show equally distributed Ge crys-
tals for the N2 annealed and an increased NC den-
sity close to the surface for the Ar/H2 annealed
SLs. The HR insets show the lattice planes of
single Ge NCs.
(d) N2 annealed ML sample yields well separated
Ge NCs compared to almost closed nanocrys-
talline films due to reduction in the Ar/H2 an-
nealed ML. The HR insets reveal single Ge NCs.
Figure 6.2.1: X-ray and TEM analysis of thicknesses, crystallinity and layer morphology.
in the annealing atmosphere, which explains the smaller NC size obtained by GIXRD.
These findings are in good agreement with the cross-sectional TEM images depicted in
figure 6.2.1 (d). A direct comparison of the TEM images of the two complete ML samples
shows the reduced layer thickness of the sample annealed in Ar/H2 compared to the ML
sample annealed in N2 (not shown here). The reduced GeOx sublayers appear to consist
of almost closed nanocrystalline Ge layers.
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6.3 Multilayer stability and smallest possible Ge
nanocrystal size
Based on the studies of the basic deposition characteristics in chapter 5, several GeOx/SiO2
ML stacks have been fabricated in the in − situ chamber at the ROBL beamline
(cf. figure 3.4.2 (b)). By using this chamber, the deposition rate and film composition
slightly deviates from the values obtained in stand-alone chamber originating from differ-
ences in the setup with respect to oxygen partial pressure and temperature measurements.
This investigation was aimed to study the ML thermal stability and the fabrication of very
tiny Ge NCs. Exemplarily this will be shown on two ML systems deposited with process
parameters summarized in table 6.3.1. The MLs were deposited on 200 nm SiO2 thermally
grown on Si(001) substrates. In contrast to other experiments, the ML systems are not
covered finally by an additional SiO2 top layer. In both cases, relatively Ge rich GeOx
sublayers were deposited.
The GeOx stoichiometry of #S1 after deposition and annealing is determined by RBS,
the corresponding spectra are shown in figure 6.3.1 (a). The GeOx stoichiometry with
x = 0.27 remains unchanged upon annealing and no GeO emanation is visible. This is in
contrast to experiments using various ”neutral” ambients for annealing. The reason is the
suppression of any oxygen contamination during annealing: In fact, under high-vacuum
conditions p < 10−4 Pa the oxygen concentration is below < 1010 /cm3 which is orders of
magnitude lower than the oxygen contamination in neutral atmosphere even if using a gas
purity 6.0 (∼ 1013 /cm3). Thus, the formation of GeO is effectively suppressed for vacuum
annealing.
In − situ XRR scans were recorded directly after deposition and after different an-
nealing steps without breaking the vacuum conditions. XRR scans for #S1 shown in
figure 6.3.1 (c) reveal a highly ordered ML structure with 4th order ML Braggs peaks.
Pattern fitting of the as-deposited sample using RefSimW results in a period thickness of
(6.3 ± 0.1) nm (GeOx/SiO2 = 2.8 / 3.5 nm), a total film thickness of (120 ± 2) nm and an
interface roughness of (0.7 ± 0.1) nm. After annealing at TA = 540◦C, t = 1h, the inten-
sity of the ML Bragg reflections increases and even a 5th ML peak appears at 2Θ = 4.8◦
which indicates an improved periodicity. The simulation shows that the interface rough-
ness lowers to (0.5 ± 0.1) nm after annealing to TA = 600◦C, t = 1h (cf. figure 6.3.1 (d)).
Although this ML stack has not been annealed to higher temperatures, the ML stability
at least until 600◦C is confirmed which is of practical relevance with respect to the Ge
crystallization temperature of about 550◦C.
The Ge NCs formation is proved by GIXRD measurements which are shown in
figure 6.3.1 (b: I-IV) for #S1 and #S2, together with an oxidized Si sample as reference.
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(a) RBS spectra (1.7 MeV He, 0◦ incidence) of
sample #S1 (as-deposited and after 600◦C anneal-
ing). The spectra are separated by an offset.
2 0 3 0 4 0 5 0 6 0
 
( I V )
A n n e a l e d
  # S 1
( I )
( I I )
( I I I )
A n n e a l e d  
  # S 2
N a t i v e
  # S 1
 
X-r
ay
 in
ten
sity
 (a
rb.
 un
its)
S i O 2
S i  w a f e r  +  2 0 0 n m  S i O 2R e f .
 
S c a t t e r i n g  a n g l e  2 Θ  ( d e g )
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(c) XRR scans of sample #S1 recorded after de-
position and two different annealing steps. Bragg
peak positions remain stable.
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(d) RefSimW simulation of the XRR spectrum for
#S1 annealed at 600◦C under high-vacuum con-
ditions (p < 5x10−3 Pa).
Figure 6.3.1: Analysis of in− situ sputtered samples #S1 and #S2 at ROBL.
Sample ML periods TD (
◦C) tGe (s) tSiO2 (s) cGe(%) x of GeOx
#S1 19 200 72 80 79 0.27
#S2 27 200 54 60 84 0.19
Table 6.3.1: Deposition conditions of the two analysed samples.
Sample TD/A FWHM FWHM Debye-Scherrer Main Ge Status
SiO2 Ge NC size peak position
#S1, as-depo 200◦C 5.3◦ 5.2◦ - 27.0◦ a-Ge
#S1, annealed 600◦C 5.3◦ 4.4◦ 1.9 nm 27.4◦ Ge NCs
#S2, annealed 600◦C 5.3◦ 3.6◦ 2.4 nm 27.4◦ Ge NCs
Table 6.3.2: GIXRD Gaussian fit results.
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(a) #S1, annealed: 600◦C. (b) #S1, larger magnification and HRTEM and
FFT insets. NCs are marked by rectangles.
(c) #S2, annealed at 600◦C. (d) #S2 with larger magnification. NCs are
marked by rectangles.
Figure 6.3.2: (HR)TEM images of samples #S1/#S2 after annealing. The Ge NCs sublayer
thickness corresponds to 2.9 / 2.2 nm. ML stability is clearly confirmed.
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The latter is necessary as the near-order peak of amorphous SiO2 (d = 200 nm) from
the oxidized substrate appears in all spectra close to the expected Ge (111) reflection.
This peak at 2Θ = 22◦ has a FWHM of 5.3◦ (figure 6.3.1 (b: I)) and its width was kept
fixed for the peak fitting procedures performed for ML samples. The as-deposited #S1
(figure 6.3.1 (b: II)) is amorphous as can be concluded from the near-order Ge peak posi-
tion. However, the distinct intensity and relatively small FWHM indicate the existence of
already big amorphous Ge clusters, which is typical for GeOx films with x << 1 deposited
at enhanced temperatures as shown already in figure 5.2.1 (e) of the previous chapter. The
crystallization for #S1 after 600◦C annealing is confirmed by the appearance of the (111),
(220) and (311) Ge reflections (cf. figure 6.3.1 (b: III)). The Debye-Scherrer calculated
vertical Ge NC size is 2.4 nm which corresponds very well with the GeOx sublayer thick-
ness of 2.8 nm. Figure 6.3.1 (b: IV) shows the GIXRD pattern of #S2 after annealing
at 600◦C, where the broader peak width of Ge(111) reflects a Ge NCs size below 2 nm in
agreement with the smaller ML period (see table 6.3.1). Results of Gaussian peak fitting
are summarized in table 6.3.2.
Cross-sectional TEM images of #S1 after annealing shown in figure 6.3.2 (a, b) reveal
a very smooth and well-ordered ML structure. Oblate-like Ge NCs with an average size
of 3 x 6 nm are clearly visible for larger magnification marked with white rectangles
(figure 6.3.2 (b)). In the upper-left inset a magnified Ge NC with (111) lattice planes (9
planes in 3 nm) is visible and in the lower-right inset the FFT image which reveals also
weak spots originated by higher index planes. The TEM images of #S2 (figure 6.3.2 (c, d))
after annealing clearly confirms the narrower ML period, the thermal stability of the ML
and - see figure 6.3.2 (d) - also the appearance Ge lattice-like fringes also in disc-like
NCs. GIXRD as well as TEM suggest for Ge NCs below 2 nm a transition zone where
NCs exhibit both crystalline (for NC ”volume” atoms) as well as amorphous (from NC
”surface” atoms) properties. Thus, a clear separation between both states becomes more
and more complicated.
The Raman spectrum of #S1 (as-deposited) is shown in the upper graph of figure 6.3.3 (a)
which also includes the deconvolution results from Gaussian peak fitting. The spectrum
can be described by the superposition of different phonon modes of amorphous Ge (a-Ge),
plus minor contributions from the crystalline Si substrate (at 520 cm−1) and a broad peak
at about 350 cm−1 attributed to a-SiGe (cf. table 6.3.3). Neither amorphous GeO2 (at
420 cm−1) nor SiO2 (at 450 cm
−1) modes were detected. After annealing at TA = 600
◦C
for 1 hour a significant change of the Raman signal is obtained, as shown in the middle
graph of figure 6.3.3 (a). Presuming fixed positions for the a-Ge modes, the spectrum
can be fitted by two additional Gaussian peaks which are associated with crystalline Ge
(c-Ge). Single crystalline Ge bulk material shows a Raman peak at 300.7 cm−1 with a
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(b) Raman shift versus spherical Ge NC size of
#S1 and #S2. The inset sketches the shape of
disc-like Ge NC as obtained in the ML.
2 0 4 0 6 0 8 0 1 0 0 1 2 0 1 4 0 1 6 0
5
1 0
1 5
2 0
2 5




	


FW
HM
 (c
m-
1 )



(c) Raman Gaussian peak width (FWHM) of #S1
and #S2 with disc-like Ge NCs together with
experimental data and the theoretical prediction
valid for spherical Ge NC.
Figure 6.3.3: Raman spectra, fitting and comparison with phonon confinement theory of #S1
and #S2. The graphs (b) and (c) also contain experimental data from Fuji et al. [130] and
Choi et al. [153] obtained for spherical Ge NCs and the theoretical prediction [129](dashed curve
interpolated).
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Sample TD/A NC size Direction Peak PP FWHM Ic Ia
(nm) # (cm−1) (cm−1) (cts) (cts)
#S1, as-depo 200◦C - - a-Ge - - - 8340
#S1, annealed 600◦C 3.0 vertical c-Ge1a 288 16 1633 4583
6.0 lateral c-Ge1b 296 8 1259
#S2, annealed 600◦C 2.0 vertical c-Ge2a 286 21 1268 7846
3.0 lateral c-Ge2b 296 9 464
Table 6.3.3: NC size (from TEM) and Raman peak fit results. PP : RAMAN peak position,
IC/A: Integrated intensities of crystalline/amorphous mode.)
narrow peak width (FWHM) of 3 cm−1. For nanocrystalline material these values become
size-dependent, characterized by a lower Raman shift and an increasing width for decreas-
ing NC size (cf. section 4.2). In first-order approximation, the expected asymmetric peak
shape can be described by a superposition of symmetric Gaussian peaks. Usually spherical
NCs were considered in the literature - e.g. Jie et al. [159] fitted his Raman data with
two c-Ge Gaussian peaks too, but interpreted them as originating from a bimodal size
distributions in his broadly distributed Ge NCs in silica matrix - however in this work
disc-like Ge NCs were formed within the spatially confining ML structures as shown in
the previous TEM section. Consequently, two separate c-Ge peaks appear in the Raman
spectra (c-Ge1a: 288 cm
−1 and c-Ge1b: 296 cm
−1) which reflect the different NC sizes in
the vertical and lateral directions. Figure 6.3.3 (a) also compares the Raman spectra of
#S1 and #S2 characterized by different ML periods after annealing. Due to their smaller
size, the c-Ge peaks of #S2 are broader and exhibit lower Raman shift in agreement with
the phonon confinement model. The results of peak fitting are summarized in table 6.3.3.
The correlation of Raman peak positions (PP ) with the disc-like Ge NC size is shown
in figure 6.3.3 (b). This graph also contains experimental data for spherical Ge-NC from
Fujii et al. [130], and Choi et al. [153] together with the theoretically predicted curve
[129]. In contrast to the expected behaviour, Choi’s data exhibit a continuous increase of
the Raman shift for Ge NC below 7 nm size which was explained by the development of
stress during rapid thermal annealing. As the data of this work fits well to the theoretical
prediction, including the interpolation to smaller NC sizes, no stress seem to be induced
for annealing conditions characterized by low heating and cooling rates. The Raman peak
width of Ge NC, plotted in figure 6.3.3 (c), closely follows the trend of the theoretical
calculations despite an offset which has not been investigated in detail. From Raman
data the crystalline/amorphous ratio Fc can be determined according to description in
section 4.2 - as the absorption coefficients αa, αc are equal and the sum of the integrated
intensities for the as-deposited and the annealed samples is virtually constant within± 15%
(see table 6.3.3). Based on the mean NC size obtained from TEM, the corrected intensity
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Icorc has been calculated for the fcc lattice of c-Ge, using Ns/Nt = 0.50 and 0.68 for the
samples #S1 and #S2, respectively. For these assumptions, the crystalline fraction after
annealing has been determined to Fc = 77% (#S1) and Fc = 56% (#S2).
6.4 Stacked Ge NC films with ultra thin SiO2 separation
layers
In this section, the fabrication of reactive dc magnetron sputtered GeOx/SiO2 ML with an
ultra-thin SiO2 thickness is presented. The general aim is to generate stacked Ge NCs of
≈ 5 nm size vertically separated by only ≈ 1 nm SiO2 to allow charge transport via direct
tunnelling. Main challenges are related to maintain the ML structure over a large number
of ML periods and to enable phase separation and size-confined Ge NC formation at low
temperatures (≈ 550◦C) suitable for photovoltaic processing.
GeOx/SiO2 ML stacks of 50 periods were fabricated by sequential deposition of GeOx
and SiO2 onto Si(001) substrates at 200
◦C by reactive magnetron dc sputtering in an Ar/O2
atmosphere (partial pressures of Ar/O2 = 500/20 mPa). To suppress the emanation of
volatile GeO during annealing, the ML stack was finally covered with a SiO2 film on top.
After deposition the films were stepwise annealed at 350◦C, 400◦C ...550◦C in Ar + 5% H2
at ambient pressure for 60 min. The 5% H2 in the annealing ambient were used to eliminate
the oxygen in the big gas-flow furnace in contrast to the previous section, were the 7.5% H2
(at ambient pressure) were used for reducing experiments in a small vacuum pumped
annealing chamber - prior to gas inlet with a high flow rate.
The GeOx and SiO2 thicknesses and the GeOx stoichiometry which is of essential im-
portance for phase separation and NCs formation has been derived from RBS fitting using
SimNRA as shown in figure 6.4.1 (a). Using the standard bulk densities of the compounds
(table 4.1.1), the thicknesses of the GeOx and SiO2 sublayers can be deduced to be 5.3 nm
and 1.2 nm (giving a ML period thickness of 6.5 nm), the SiO2 capping to be 30 nm and the
GeOx stoichiometry value x for the native samples to be 0.93 which is ≈ 1 (see table 6.4.1).
This results in an equivalent deposition rate of about 0.3 Å/s for each sublayer.
The MLs were further investigated via XRR (figure 6.4.1 (b)). The graph pictures quite
well the characteristic features like the position of the critical angle, the appearance of
the ML peaks up to 4th order and the capping layer fringes. The RCRefSimW simulation
exhibits a ML period thickness of 6.3 nm (SiO2 = 1.1 nm, GeOx = 5.2 nm), an interface
roughness of 0.6 nm and a surface roughness of 1.1 nm. The SiO2 capping layer thickness
is determined to be 31.6 nm. All these values are in good agreement with the results of
RBS (cf. table 6.4.1).
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(a) RBS spectrum with SimNRA simulation re-
veals the contributions of the single components
(O, Si, Ge) in the film. The data evaluation con-
firms a GeOx stoichiometry value of x ≈ 1.
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(b) XRR shows a well ordered ML structure and
the peak positions fit quite well with the RCRef-
SimW model.
Figure 6.4.1: Stoichiometry and layer structure characteristics of the (GeOx/SiO2)50x ML stack
after deposition.
Thickness(nm): RBS XRR TEM
SiO2 (1.2 ± 0.2) ML period: (1.3 ± 0.1)
GeOx≈1 (5.3 ± 0.5) (6.3 ± 0.2) (5.0 ± 0.5)
SiO2 cap layer (30 ± 3) (32 ± 2) (30 ± 2)
Table 6.4.1: Comparison of the as deposited ML thicknesses derived from different methods.
The cross-sectional TEM image of the native sample (cf. figure 6.4.4 (a)) shows that the
GeOx layers (≈ 5.0 nm) are well delimited by ultra-thin (≈ 1.3 nm) SiO2 separation layers
throughout the whole ML stack. The GeOx and SiO2 layers are well correlated to each
other, but towards the surface the ML starts to have an oscillating offset with a wavelength
of about 20 nm. Noteworthy this effect does not influence the confinement of the GeOx
layers. The reason is not yet clear (film stress might be of influence) but this effect explains
the relatively high interface roughness of 0.6 nm and the ML peak broadening obtained
in XRR. None lattice fringes in the GeOx sublayer regions are obtained in high-resolution
TEM (cf. inset in figure 6.4.4 (a)), thus the films are amorphous after deposition.
Ge NCs formation in sub-stoichiometric GeOx films during annealing occurs in a se-
quence of phase separation (2GeOx → GeO2 + a-Ge) and subsequent crystallization
(a-Ge → c-Ge) (cf. reaction equation 6.1.1). To benefit from the ML approach concerning
uniform Ge NCs size and thin SiO2 separation, it is not essential that the ML morphology
is maintained in the as deposited quality but the separation layer should limit the Ge NC
growth and additionally the Ge loss due to (volatile) GeO emanation has to be avoided.
This has been proved for an annealing sequence performed in Ar + 5% H2 up to 550
◦C.
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(a) Sequence of RBS spectra confirm the con-
served GeOx stoichiometry (x ≈ 1) and negligible
Ge loss.
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(b) The XRR scans show a well ordered ML struc-
ture with four ML peaks until 500◦C whose nearly
vanish after annealing at 550◦C due to the Ge NC
induced SiO2 separation layer bulging.
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(c) Raman spectra reveal that the peak positions
of the a-Ge TO mode remain constant until 500◦C,
but the peak width continuously decreases due to
the GeOx phase separation. After 550◦C anneal-
ing a nearly complete crystallisation is obtained.
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(d) Normalized Gaussian FWHM decrease of the
Raman a-Ge TO mode (277 cm−1) (red squares).
The grey envelope represents the GeO phase sepa-
ration process parameter determined via XANES
(taken from figure 6.1.2).
Figure 6.4.2: Temperature dependent stoichiometric, structural and phase separational prop-
erties.
The corresponding RBS spectra are shown in figure 6.4.2 (a). Spectra evaluations confirm
a constant Ge content and negligible spatial Ge redistribution after annealing which means
that up to 550◦C the mean stoichiometry is conserved and the evaporation of volatile GeO
is effectively suppressed by the SiO2 capping layer.
Phase separation and Ge crystallization were analyzed in detail by Raman spectroscopy.
Figure 6.4.2 (c) shows the Raman spectra collected after different annealing steps. For
TD ≤ 500◦C, the spectra are dominated by the features of a-Ge with its different optic
(TO, LO) and acoustic (TA, LA) modes. Additional Raman signals at 360 cm−1 and
68
6 Confined Ge nanocrystal growth in GeOx/SiO2 multilayers
3 0 6 0 9 0
0
5
1 0
X-r
ay
 in
ten
sity
 (c
ps
)
++)"& & $Θ  
-()"%&+$Θ"
/
 *"%,$+"'&


			

/


&%

/
	&%


/

&%
!#$

*".
Figure 6.4.3: Background sub-
tracted GIXRD spectrum after an-
nealing at 550◦C shows the diffrac-
tion peaks as indexed - the peak
width corresponds to a mean Ge
NC size of 5 nm.
520 cm−1 correspond to a-SiGe and the c-Si substrate, respectively. As a consequence
of phase separation, it can be expected that with increasing annealing temperature the
peak areas of the a-Ge will increase which indeed is qualitatively visible in figure 6.4.2 (c).
However, quantitative data treatment fails due to a missing reference signal as both, the
substrate peak and the background signals change their intensity after annealing as a
result of increasing light absorption of the ML. In contrast, the peak width (FWHM)
of the amorphous Ge (a-Ge) TO mode at 277 cm−1 is not influenced by this effect and
continuously decreases due to improved structural ordering of a-Ge [160]. The FWHM
behaviour plotted in figure 6.4.2 (d) shows that after 500◦C annealing the peak width
corresponds to that of a pure a-Ge film (≈ 45 cm−1) acting as a reference. This behaviour
is compared with the XANES results from heating in an inert annealing gas of figure 6.1.2
shown as a grey envelope. Thereby, the XANES process parameter reflects the degree of
phase separation GeO → GeO2 + a-Ge, ranging from 0 (GeO) to 1 (mixture of Ge and
GeO2). Both dependencies are in a good agreement, thus the peak narrowing of the Raman
a-Ge modes can be also considered as a suitable parameter to track the thermal induced
GeO phase separation. Interestingly no remarkable crystalline fraction of Ge is obtained
up to 500◦C. As shown in figure 6.4.2 (c) the crystallisation occurs all at once at 550◦C
(c-Ge fraction > 70%). The small left shoulder at the c-Ge peak originates probably by
the amorphous-like contribution from the Ge NC surface.
The SiO2 separation layer limited Ge NC growth after annealing at 550
◦C is proved by
GIXRD. Figure 6.4.3 (a) shows the experimental diffraction pattern and the correspond-
ing fit simulated by the TOPAS software which also confirms the powder-like orientation
distribution of the Ge NCs. From Debye-Scherrer formulae, the mean Ge NC size can be
estimated to be (5.0 ± 0.5) nm which fits quite well the expected value according to the
GeOx sublayer thickness.
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(a) Native sample with the Si substrate on the
bottom and the capping layer on top. The GeOx
sublayers (dark grey) of the 50 periods stack
are distinctly separated by ultra-thin SiO2 layers
(light grey).
(b) The ML stack after 550◦C annealing has in-
creased interface roughness but Ge NC layers are
still separated. The Ge NCs in the inset are
marked by white circles for better visibility.
Figure 6.4.4: Cross section and high-resolution (inset) TEM image of the ML sample.
The agreement of NC size and initial GeOx sublayer thickness suggest that the ML
morphology is still maintained after crystallization at 550◦C annealing which has been
checked by XRR and TEM. The XRR data (figure 6.4.4 (b)) confirm that - despite a slight
increase in interface roughness - the ML is present until 500◦C. A clear change is obtained
after 550◦C annealing where almost all ML peaks disappear and an increase of the ML
interface roughness to 1.6 nm is obtained. The corresponding TEM image (figure 6.4.4 (b))
however shows a remaining weak contrast between the stacked Ge NCs which are embedded
in a laterally and vertically deformed (bulged) matrix, explaining the increased roughness
obtained in XRR. Despite of this, the ultra-thin separation layers act as an efficient barrier
to confine the lateral Ge NC growth within the investigated temperature range. This is
caused by distinct differences of Ge diffusivity in SiO2 and GeO2. In the HRTEM- image
(inset in figure 6.4.4 (b)) numerous Ge NCs with a size of (5 ± 2) nm can be detected
by their lattice planes. From GIXRD a random orientation of Ge NCs is deduced, which
means that in TEM only a part of Ge NCs with lattice planes parallel to the electron beam
are detected. As the image also includes the overlapping of Ge NCs of different depths, a
mean distance of the Ge NC cannot be determined seriously, but the existence of Ge NCs
vertically separated by SiO2 after annealing is a reasonable assumption.
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Ge:SiOx/SiO2 multilayers
In this chapter the fabrication and phase separation of Ge:SiOx/SiO2 MLs (x ∼ 2) is
enlightened. A major motivation is given by the idea that the Ge:SiO2 interface (compared
to Ge:GeO2) seems favoured with respect to a lower density of electronically active interface
states. In fact, Ge:GeOx interfaces (in particular if oxide stoichiometry deviates from
x = 2) are known to exhibit a high interface state density [161] which explains the quenced
PL from Ge NCs embedded in GeO2 due to fast non-radiative exciton recombination. For
potential PV applications this effect marks a critical issue as charge separation in an electric
field requires a certain exciton lifetime at least in the ns-range. In two subchapters phase
separation and Ge NC growth in Ge:SiOx∼2/SiO2 films during annealing is presented.
Ge:SiOx∼2/SiO2 MLs were prepared by reactive dc magnetron sputtering (cf. chapter 3)
at room temperature onto Si(001) substrates. The MLs were deposited by alternating Si
sputtering and (Si + Ge) co-sputtering from elemental targets in a mixed Ar/O2 gas atmo-
sphere. In figure 7.0.1 (a) (cf. figure 5.1.2) the ppO2 process window is highlighted where
Ge oxidation is still suppressed, but SiOx is deposited close to a stoichiometric composi-
tion. The partial pressure of Ar was kept constant at 500 mPa whereas ppO2 was slightly
varied for different samples to produce 50x (Ge:SiOx∼2/SiO2) MLs with a Ge surrounding
silica matrix that either has an O2 deficit (x < 2), is almost stoichiometric (x = 2) or
exhibits a slight O2 excess (x > 2). The MLs have a SiO2 separation layer thickness of 2
nm, and a Ge:SiOx∼2 thickness of (4.3 ± 0.4) nm with a fraction Ge:SiOx∼2 ∼ 1:1. The
MLs are covered by a SiO2 top layer of about 40 nm to retard the emanation of volatile
GeO. Table 7.0.1 summarizes main parameters of the sample set described here. Figure
7.0.1 (b) shows the RBS spectra of samples #1 and #3 which clearly demonstrates the
differences in the MLs oxygen content. After initial ML characterization, the samples were
consecutively annealed in an inert N2 atmosphere for 30 min at temperatures between 150
and 650◦C to initiate phase separation and Ge NC formation.
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(b) RBS spectra of the native samples #1 and
#3 and corresponding SimNRA fits showing the
variation in ML stoichiometry. The Ge plateau
decrease and broadening of #3 indicates the lower
film density for increasing oxygen content. The
spectrum of #2 (not shown here) is in between.
Figure 7.0.1: Prediction of ppO2 process window for Ge:SiOx∼2/SiO2 ML deposition and RBS
determined stoichiometry of the samples.
Sample ppO2 (mPa) nO nGe nSi x (Ge:SiOx∼2) Silica matrix ...
#1 4.0 650 450 430 1.5 ± 0.1 ... has oxygen deficit
#2 4.8 800 415 430 1.9 ± 0.1 ... is stoichiometric
#3 5.5 950 395 440 2.2 ± 0.1 ... has oxygen excess
Table 7.0.1: Native sample set with varied oxygen partial pressure. The values n ( · 1015 at/cm2)
denote the atomic areal densities of the different elements (O, Ge, Si) derived from RBS from
which the stoichiometry factor x is calculated.
7.1 Phase separation in Ge:SiOx/SiO2 multilayers
Concerning the thermally stimulated phase separation of the Ge:SiOx∼2 sublayers the
ternary system Ge-Si-O has to be considered. The reordering of the binary Ge-O system
into the energetically favoured a-Ge + GeO2 starts at ∼ 250◦C and is completed at about
450◦C (cf. section 6.1 and [3]) whereas the binary Si-O phase separation proceeds between
800 and 1200◦C [162]. To investigate the complete phase separation mechanism of the
ternary Ge-Si-O system, XANES measurements at two edges (Ge-K and Si-K) up to a
temperature of 1200◦C where the Si-O phase separation is completed would be required.
But, as the goal of this thesis is directed to Ge NC formation and the suppression of
Ge oxides, the study is restricted to XANES spectra collected at the Ge K-edge up to
650◦C (i.e. Si-O phase separation is not considered here). In the studied temperature
regime far below the Si-O phase separation (TA << 1000
◦C) the key features of the phase
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separation of the ternary Ge-Si-O system are the Ge oxide reduction and the Ge-O phase
separation. The thermodynamically favoured SiO2 formation (∆HSiO2 = -902 kJ/mol;
∆HGeO2 = -538 kJ/mol) is connected with the possibility of Ge oxide reduction (GeOx +
SiOy → Ge + GeOx−z + SiOy+z, z > 0) by non-oxidized Si during heat treatment.
The XANES spectra of the native samples #1 to #3 are shown in figure 7.1.1 (a) to-
gether with the reference spectra of amorphous Ge and GeO2. The main contribution of
all spectra from the native samples is Ge, but the shape of the spectra also reveals the
presence of different Ge-oxides contained in the samples. For a more detailed discussion
of the changes in the K-edge of different Ge-oxides the reader is referred to [58, 3]. The
spectrum of sample #1 with the lowest oxygen content is similar to that of the Ge refer-
ence spectrum, but the slope at the Ge K-edge is smaller, the Ge peak is slightly shifted
to higher energies (see magnified inset of figure 7.1.1 (a)) and a small shoulder close to
the GeO2 peak position becomes visible. The spectrum of sample #2 has an even smaller
slope in the vicinity of the Ge K-edge and a very broad peak centred between the Ge and
GeO2 reference peaks. The spectrum of sample #3 with the highest oxygen content shows
a maximum close to the GeO2 reference peak. Thus, for all three native samples a minor
but distinct fraction of Ge atoms are in an oxidized state which increases, as expected,
with the oxygen content in the film.
The evolution of the Ge chemical environment during annealing (TA = 150 - 600
◦C)
as derived by XANES is shown in figures 7.1.1 (b) - (d) and can be characterized as fol-
lows: For sample #1 with the lowest oxygen content the changes in the XANES spectra
(figure 7.1.1 (b)) after different annealing steps are small. Starting at 150◦C, with increas-
ing temperature the peak of the spectrum of the native sample shifts towards the position
of the Ge reference peak and a decreasing spectral weight of the shoulder at the position
of the GeO2 reference peak becomes visible. After 400
◦C annealing the sample widely
resembles the Ge reference spectrum and further annealing up to 650◦C does not change
the spectral shape significantly. The XANES spectra changes are much more pronounced
in sample #2 (figure 7.1.1 (c)). The initially broad peak centred between the reference
peak positions (→ considerable native Ge sub-oxide content) shifts continuously towards
the Ge peak position during annealing. After annealing at TA = 400
◦C the Ge contribu-
tion dominates and only a small GeO2 shoulder remains. The monotonic decrease in the
spectral weight around the GeO2 peak position for 200
◦C ≤ TA ≤ 400◦C suggests that
the native Ge (sub-) oxides are directly reduced by the sub-stoichiometric silica matrix
until the Si oxidation state 4+ has been completely achieved. Further annealing up to
650◦C leads to an increased spectral weight in the vicinity of the GeO2 white line which is
unexpected as the Ge in this multilayer is embedded in a stoichiometric silica matrix after
deposition (cf. table 7.0.1). The slightly increased GeO2 contribution can be explained by
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(a) Native samples #1 to #3 and their Ge and
GeO2 reference films; their peak positions are
marked by vertical dashed lines.
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(b) Sample #1.
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(c) Sample #2.
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(d) Sample #3.
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(e) The as-deposited films (in particular 2) show
a slight difference in the peak shape which is a
sign for Ge sub-oxides while after 400◦C the phase
separation into Ge and GeO2 is almost completed.
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(f) Relative Ge content with the stoichiometry
values as derived from RBS (large circles).
Figure 7.1.1: XANES spectra ((a)-(d)) after step-wise annealing (inset shows magnification).
The energy scale is plotted relative to the Ge-K edge at 11103 eV. Example Ge-GeO2 superpo-
sition fit curves (e) and the resulting relative Ge content (f) complete the XANES evaluation.
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oxygen traces in the annealing ambient leading to partial Ge oxidation if the silica matrix
is stoichiometric. Sample #3 (figure 7.1.1 (d)) has an increased oxygen content, but shows
in principle the same behaviour as sample #2. The initially very broad asymmetric peak
centred close to GeO2 (→ considerable native Ge sub-oxide and GeO2 content) undergoes
a continuous transition into a bimodal shape while the Ge oxide is reduced. After the
phase separation of the ternary system is finished at TA = 400
◦C, the XANES spectrum
indicates a considerable GeO2 leftover. For higher annealing temperatures the GeO2 white
line becomes pronounced, while the intensity of the Ge contribution decreases above 600◦C
indicating a changed Ge/GeO2 ratio. The reason is a partial Ge loss due to GeO formation
as will be shown later.
In order to quantify the Ge elemental and oxide fractions, the XANES spectra were fitted
by a superposition of the Ge and GeO2 reference samples spectra. We would like to note
that for this fitting procedure contributions of sub-oxides are not considered. The fitting
results are shown in figure 7.1.1 (e) for the as-deposited films and after 400◦C annealing.
As expected, the fits of the as-deposited spectra show some deviations due to the presence
of additional Ge sub-oxides. The relative amount of Ge sub-oxides can be approximated
by scaling down the fitted curve until it underlies the native curve. From the area ratio
between the integrated fitted curve and the integrated native curve the sub-oxide amount
can be determined to be ≈ 5%. In contrast after Ge-Si-O phase separation at 400◦C
the fits match much better the experimental XANES spectra, indicating the dissolution
of Ge sub-oxides. As shown in figure 7.1.1 (f), for all samples the Ge fraction is > 85%
which confirms the effective suppression of Ge oxide formation in the MLs as the non-
stoichiometric silica matrix effectively consumes oxygen. Only if the oxygen concentration
exceeds the SiO2 stoichiometric value (x = 2), Ge will be oxidized as well which leads
- depending on the amount of excess oxygen - to either volatile GeO or stable GeO2 as
shown further on. In addition to this general statement, figure 7.1.1 (f) allows a more
detailed discussion regarding the influence of film stoichiometry and annealing conditions.
The temperature dependent Ge contents are approximated with three regions indicated by
straight lines to point out the general characteristics. Up to 200◦C there is no change with
respect to the as-deposited state. In the temperature range TA = 250 - 450
◦C - where the
phase separation of the binary GeOx system occurs - the Ge (sub-)oxides are reduced by
Si and Si sub-oxides (oxidation state < 4+) leading to an increased Ge content. After the
Ge-Si-O phase separation is completed at 400◦C a constant Ge to GeO2 ratio is expected,
however the total Ge and O content changes in the samples. For sample #1, the relative
Ge content is > 95% already after deposition. During annealing above 200◦C this value
approaches nearly 100% as a result of the residual Ge (sub-)oxide reduction by Si from the
still non-stoichiometric silica which also completely consumes the in-diffused oxygen from
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moisture traces in the annealing ambient. Consequently, an ML almost free of GeO2 is
achieved. Similar behaviour is obtained for sample #2, although a very small GeO2 fraction
(2 - 3%) remains present due to the oxygen-saturated silica matrix. For sample #3, after
silica matrix saturation a Ge fraction of about 94% at 400◦C is achieved, but for higher
annealing temperatures a continuous increase of the GeO2 fraction is obtained due to
noticeable Ge loss and additional oxygen in-diffusion.
The effect of Ge loss and oxygen in-diffusion after annealing has been quantitatively vali-
dated by RBS and XRR. Comparing the initial and post-annealing RBS spectra
(figure 7.1.2 (a)), sample #3 shows a remarkable Ge loss of about 20% and a correspond-
ing Ge gradient towards the surface caused by GeO emanation. This agrees with previous
studies of Beyer et al. [150] showing that the Ge2+ oxidation state (GeO) - compared to
Ge4+, i.e. GeO2 is preferred for Ge in silica with only a slight oxygen excess. Furthermore,
RBS confirms for all samples a slight oxygen enrichment from oxygen contaminants in the
annealing atmosphere. Accordingly, the stoichiometry of the Ge:SiOx∼2/SiO2 ML after
annealing increases from x = 1.5 → 1.9 (#1), x = 1.9 → 2.2 (#2) and x = 2.2 → 2.4
(#3). This interpretation of RBS results is confirmed by XRR measurements shown in
figure 7.1.2 (b). For the as-deposited samples the 1st order ML peak positions (2Θ ∼ 1.5◦)
indicate period thickness differences for the MLs which increase from 5.9 nm (#1) to
6.6 nm (#3) due to the higher oxygen amount in the film (cf. table 7.0.1). Period thick-
ness shifts obtained for samples #2 and #3 after annealing reflect the Ge loss and the
corresponding Ge:SiOx∼2 sublayer thickness shrinkage. According to the lower oxygen
content in the film the Ge loss is negligible for sample #1 (3%) and still low for sample
#2 (7%) at about 600◦C.
7.2 Crystallisation in Ge:SiOx/SiO2 multilayers
As shown by GIXRD in figure 7.2.1 (a), the as-deposited MLs exhibit only the very broad
(FWHM ∼ 6◦) a-Ge near-order peak. After annealing at TA = 600 - 650◦C all samples
(GeO2/Ge ratio in brackets) show distinct Ge diffraction patterns, but the mean Ge NC
sizes differ for #1 (0.0) with 2.5 nm and #2 (0.1) with 3.3 nm to #3 (0.2) with 3.8 nm
using Scherrer’s formula. The Ge NC size of the ML #3 with a certain amount of GeO2
agrees well with the Ge:SiOx∼2 sublayer thickness obtained by XRR, while for sample #1
obviously a higher thermal budget is necessary to achieve Ge NCs of the same size. This
behaviour confirms the influence of the matrix for the a-Ge→ c-Ge (phase) transformation.
In agreement with ref. [42] the Ge NC formation in GeOx films requires a lower thermal
budget than the crystallization of Ge nanoparticles embedded in a silica matrix. The
difference is in the order of 100 - 200 K in favour of a Ge oxide matrix. Following the model
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(a) Comparison of RBS spectra of as-deposited
and 650◦C annealed samples #1 and #3. The
near-surface Ge loss (#1: 3%, #3: 20%) after
annealing scales with the oxygen content in the
sample.
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(b) XRR scans of the as-deposited samples reveal
a ML period thickness increase with oxygen con-
tent (black arrows) and an upshift, respectively
thickness decrease (red arrows) due to Ge loss af-
ter annealing.
Figure 7.1.2: RBS determined atomic contents and XRR thicknesses complement one another.
given by Zacharias et al. [70] this can be explained by a higher a-Ge/SiO2 interface energy
(compared to a-Ge/GeO2) increasing the thermal budget for the grain growth. Raman
spectroscopy scans shown in figure 7.2.1 (b) confirm these results. For the as-deposited
films, mainly the LO-mode of a-Ge (at 275 cm−1) is obtained and different intensities of
the c-Si substrate peak (at 520 cm−1) reveal the increased optical transparency of the ML
with increasing oxygen content. For the annealed samples a clear shift of the LO-mode
towards the position of c-Ge at 300 cm−1 is visible, but a decreasing NC size leads to an
asymmetrical peak broadening of the crystalline Ge peak as a result of phonon confinement
[129].
Finally, TEM images of the native (left side) and annealed (right side) sample #2 are
shown in figure 7.2.1 (c). The Ge containing layers are darker due to the stronger scattering.
The ML structure in both cases is well-ordered as expected from the distinct ML peak
and its position in XRR. The Ge NC formation after annealing is size-confined within the
Ge:SiOx∼2 layer as visible from the still layered structure. The high-resolution TEM image
inset shows a typical Ge NC which size of about 3 nm is in agreement with GIXRD and
Raman results. The electron diffraction images (black insets) of the MLs also prove the a
- c phase transition by the diffraction rings which indicates, as expected, also the random
crystallographic orientation of existing Ge NCs. The TEM image of figure 7.2.1 (c) does
not allow to demonstrate the existence of separated Ge NCs as the Ge containing sublayers
show an uniform dark contrast. This is not surprising: a typical TEM lamella thickness
of about 50 - 70 nm results in a stacking of about 10 Ge NC layers with a random spatial
position giving a mean TEM contrast along the Ge sublayers. Interestingly, towards the
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(a) GIXRD pattern of as-deposited and annealed
Ge:SiOx∼2 MLs. The Ge powder diffraction pat-
tern is shown for comparison by the lower red line.
The peak width (FWHM) values of Ge (111) in-
dicate different Ge NC sizes.
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(b) Raman spectroscopy shows different Ge NC
sizes after roughly the same annealing tempera-
ture (600 ... 650◦C) due to different surrounding
matrices (silica vs. GeO2). The c-Si substrate
mode appears at 520 cm−1.
(c) TEM image of the native (left) and annealed
(right) well- ordered ML structure of sample #2.
The Ge NC formation after annealing is confirmed
by the high-resolution TEM image showing the
single NCs with crossed lattice planes (upper-right
inset). In addition, selected area electron diffrac-
tion illustrates the transition from diffuse amor-
phous to lattice spacing defined circles (black in-
sets).
(d) TEM image of sample #2 from the upper part
of the Ge:SiOx∼2/SiO2 ML after 600◦C annealing
where separated Ge NC are clearly visible. The
topmost film is denuded from Ge due to GeO em-
anation in agreement to RBS.
Figure 7.2.1: Size confined Ge NC growth has been proven via GIXRD, Raman and cross
sectional TEM.
surface the Ge NC distribution reveals an increasing spatial ordering (figure 7.2.1 (d))
which improves the conditions for the evidence of NC separation.
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The aim of this work was the design and fabrication of size controlled Ge nanocrystals,
with a high density and contained within a dioxide layer, for PV applications. This was
realized in the following way:
A chamber was designed to deposit the Ge-Si-O system via reactive (O2 inlet) dc sput-
tering. It is believed that this is the first time this method has been applied to deposit
GeOx/SiO2 and Ge:SiOx∼2/SiO2 MLs. Reactive dc sputtering is a very cheap and easily
scalable method as compared to the commonly used techniques: rf sputtering [43, 44, 122],
ion implantation [6], and epitaxial growth [91]. Furthermore, reactive dc sputtering offers
a wide range of possibilities concerning the ML design, e.g. stoichiometry and Ge/SiO2
ratio and it can be freely tuned in contrast to rf sputtering. By varying the deposition
rate, the temperature, and the oxygen partial pressure, the composition of the GeOx con-
tained within the GeOx/SiO2 multilayers was tuned between elemental Ge (x = 0) and
GeO2 (x = 2). In addition to this, the stoichiometry of the Ge:SiOx∼2 sublayers contained
within the Ge:SiOx∼2/SiO2 multilayers was varied in the vicinity of stochiometric silica
(x = 2). An advantageous process window was identified allowing sequential GeOx or
Ge:SiOx∼2 and SiO2 deposition without changing the oxygen partial pressure.
Two problems were observed during the sputter process which are partly related to the
use of a small deposition chamber which was designed only to show the feasibility of the
approach:
Firstly, the 30◦-tilted magnetron leads to inhomogeneous layer thickness (± 12% from the
center of the substrate). And secondly the deposition rate decreases with ongoing target
consumption, due to the evolving racetrack erosion profile on the target surface [97]. This
decreasing deposition rate in turn causes a continuous stoichiometry drift due to the shift
of the dynamic equilibrium between oxygen adsorption on the sample surface and newly
deposited material. Both effects should be prevented for large scale production. The in-
homogeneity might be remedied easily by using a rotating or oscillating substrate holder.
The undesired racetrack erosion profile might be circumvented by an asymmetrically ro-
tating sputter target in front of the magnets of the magnetron.
Two different mechanisms were combined to achieve size controlled Ge nanocrystals with
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a high density within the silica matrix:
Firstly, the deposition method was applied to fabricate multilayers where the Ge containing
sublayers were vertically and spatially confined by silica sublayers following Heitmann’s
multilayer approach [81]. The deposition technique allowed the production of extended
multilayer stacks (50 periods ∼ 300 nm) with very smooth interfaces (roughness ∼ 0.5 nm)
and ultra-thin SiO2 separation layers as thin as 1 nm.
Secondly, we deposited a Ge-containing metastable compound (GeOx or Ge:SiOx∼2 sublay-
ers) instead of a pure Ge sublayer. This leads to laterally self-ordered Ge clusters separated
by dioxides (GeO2 or SiO2) after phase separation. X-ray absorption spectroscopy at the
Ge K-edge was carried out to track the disproportion of the Ge sub-oxides. Remarkably,
the phase separation in both spatially confined metastable systems was observed to be
similar to the findings for bulk a-GeO between 250 and 450◦C (inert ambient annealing).
Thus, we conclude that the layer thickness and the additional Si in the Ge-Si-O system
have no impact on the Ge-O phase separation temperatures. With H2 annealing the Ge-
O phase separation temperature can be reduced by approximately 100◦C. Additionally,
above 400◦C the layer stoichiometry can be altered by making use of the reduction of GeO2
by H2. In the Ge-Si-O system the formation of GeO2 can be suppressed effectively as the
sub-stoichiometric silica matrix consumes the oxygen in the Ge:SiOx<2 sublayers.
Modeling the lateral NC distance in the Ge-containing sublayers - sandwiched between
SiO2 sublayers - reveals a stoichiometry and layer thickness dependency. Lateral inter-
cluster NC distances should be as small as possible: Firstly, to gain the highest possible
density of NCs for the highest possible light absorption and secondly, to enable effective
direct tunnelling processes. Boundaries of the model are given for sublayers very rich in
Ge (x → 0) where the NCs tend to form a disc-like shape and for sublayers very poor in
Ge, where no NCs are formed at all. Thus, an intercluster distance of 1 to 2 nm seems to
be a reasonable goal. Finally, the chosen lateral NC distance determines the NC density
depending on the sublayer thickness and the NC size.
Further annealing leads to the crystallisation of oxide-separated Ge in Ge-containing
sublayers. X-ray diffraction, Raman spectroscopy, and transmission electron microscopy
(TEM) confirmed the size-controlled Ge nanocrystal growth (2 - 5 nm depending on
the Ge-containing sublayer thickness) at annealing temperatures of 550 (GeOx) - 700
◦C
(Ge:SiOx∼2). A special focus was on the size-dependent phonon confinement effect of Ge
nanocrystals which leads to a peak broadening and downshift in the Raman spectra. Even
the ultra-thin SiO2 separation layers (∼ 1 nm) were very well visible in TEM analysis
and acted as an effective barrier of Ge nanocrystal growth, showing the feasibility of this
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Selfordered Ge nanocrystals in: GeOx/SiO2 multilayers Ge:SiOx∼2/SiO2 multilayers
Lateral matrix GeO2 SiO2
Vertical matrix SiO2 SiO2
Deposition temperature < 200◦C < 450◦C
Ge-O phase separation finished 450◦C 450◦C
Crystallisation temperature 550◦C 700◦C
Table 8.0.1: Comparison of key temperatures of both Ge containing multilayer systems inves-
tigated.
approach.
The comparison of both ML systems investigated is based on the key temperatures,
as summarized in table 8.0.1. The crystallization of GeOx/SiO2 happens instantaneously
(2 nm < (NC size = sublayer thickness) < 50 nm) between 500 and 550◦C, whereas the
Ge NCs within Ge:SiOx∼2/SiO2 grow continuously from 700 to 900
◦C [159].
The major advantage of the lateral GeO2 matrix is the low annealing temperature within
the glass stability temperature. This allows processing of the ML stack on glass or other
cheap substrates. Concerning the production and long term stability, Ge:SiOx<2/SiO2
seems to be beneficial as it may intrinsically avoid (i) the volatile GeO-emanation (which
is prevented in the case of GeOx/SiO2 via a 30 nm silica capping layers) and (ii) the GeO2
formation.
The aim concerning potential application within 3rd generation PV, is to develop size
and bandgap engineered Ge NCs (with decreasing size from the bottom to the top of each
cell). This will (i) ensure light absorption over almost the complete sunlight spectrum
(0.4 − 2 µm) and (ii) reduce the thermalization loss of energetic excitons. Considering the
path of the solar cell generations [9], starting at Si wafers (1st) over thin film concepts (2nd)
to multijunction or quantum dot solar cells (3rd generation), the quantity of interfaces and
grain boundaries increases. This may lead to a higher defect density and a lower crys-
tallinity in the cells. Both issues are preventable, for example by using epitaxially grown
cells, but this might be too expensive for broad and large scale applications.
Recently, Stegemann et al. [39] minimized interface defects and maximized the crystallinity
(80%) - compared to state of the art Si quantum wells [38] (< 25%) - in a very sophis-
ticated single SiO2 /Si/SiO2 quantum well stack. But the defect density was still much
higher than in thin film cells. Compared to the widely investigated Si/SiO2 system the rel-
atively new Ge/GeO2 system has a higher interface defect density [163]. The H treatment
which leads in case of Si to partly saturated dangling bonds (increasing the cell efficiency)
is not applicable for Ge nanostructures [164].
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Besides for the negative electrical-charge-trapping and recombination effects of the most
common Ge-O and Ge-Si-O defects, both defect PL energies (∼ 2 and ∼ 3eV) do not allow
the study of the electron confinement effect [46].
To further determine the properties of Ge NCs, the Ge-containing supersaturated ML
approach is finally the method of choice to obtain a sharp size distribution. The optical-
band gap (e.g. relevant for PV) could be determined alternatively (instead applying PL)
by transmission measurements. Additionally, the interface defects may be minimized by
using another matrix for the Ge NCs. The promising production method examined here
which is able to realize ultra-thin SiO2 separation layers as thin as 1 nm offers interesting
possibilities for vertical charge transport via direct tunneling.
Further Raman experiments of Ge-NC ML structures with constant Ge containing sublayer
thickness and different matrices, NC densities and deposition methods could be conducted
to study the stress, grain boundary, matrix and crystallinity effects on the Raman peak
widening and shifting phonon confinement effect.
Finally, recent research by Cosentino et al. in 2011 [8] showed that Ge quantum dots have
ideal characteristics for applications in high-efficiency silicon-compatible photodetectors.
However, in terms of fabrication speed it would be advantageous to have a single NC con-
taining film - for such an approach Ge:SiOx∼2 would be favourable in comparison with
GeOx, due to its broader range of crystallisation temperature. But even ultra-short an-
nealing methods (laser, flashlamp) lead to a much broader size distribution contrary to
the ML approach used in this thesis. In addition, the higher crystallization temperature
is unfavourable as well. Concerning single NC-containing films, sponge-like structures are
also a very attractive approach, but the quantum confinement effects are expected to be
smaller. At the end, an optimum has to be found as balance between solar cell efficiency
and production cost.
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for cubic phase in deposited germanium nanocrystals. Journal of Physics: Condensed
Matter, 15:1017–28, 2003.
[18] B. O’Regan and M. Grätzel. A low-cost, high efficiency solar cell based on dye-
sensitized colloidal TiO2 films. Nature, 353:73740, 1991.
[19] D. A. Ruddy, J. C. Johnson, E. R. Smith, and N. R. Neale. Size and bandgap control
in the solution-phase synthesis of near-infrared-emitting germanium nanocrystals.
ACS Nano, 4:745966, 2010.
[20] E. Fok, M. L. Shih, A. Meldrumb, and J. G. C. Veinot. Preparation of alkyl-surface
functionalized germanium quantum dots via thermally initiated hydrogermylation.
Chemical Communications, 4:386–7, 2004.
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and J. Christen. A comparative study of Ge nanocrystals in SixGeyOz alloys and
SiOx/GeOy multilayers. Journal of Applied Physics, 81:2384–90, 1997.
[43] F. Gao, M. A. Green, G. Conibeer, E.-C. Cho, Y. Huang, Iv. Pere-Wurfl, and
C. Flynn. Fabrication of multilayered Ge nanocrystals by magnetron sputtering
and annealing. Nanotechnology, 19:455611, 2008.
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